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Abstract 
With the development of nanomaterials and nanodevices, understanding the 
mechanical behaviour of materials at small length scales becomes increasingly 
important. Due to the size effects, the mechanical behaviour of materials at 
small scales differs from their counterparts at the macroscale. 
Microcompression and nanoindentation tests have been widely used to 
characterise mechanical behaviour of materials at the micron/submicron scale. 
The microcompression test provides insight into the mechanical behaviour of 
materials under uniaxial conditions, while the nanoindentation test reflects the 
mechanical behaviour of materials under confined deformation conditions.  
Cu-Fe thin films and multilayers of ~2.0 Ɋ thick were fabricated by direct 
current (DC) magnetron sputtering, and studied as model materials for 
soft/hard metallic multilayers at the micron/submicron scale. 
Microcompression and nanoindentation tests were performed to investigate the 
mechanical behaviour of Cu-Fe thin films and multilayers at the 
micron/submicron scale. To provide deeper understanding of the experimental 
observations, finite element models were developed to simulate the various 
deformation conditions.  
Different deformation and fracture behaviours were observed in the Cu-Fe thin 
films and multilayers during microcompression tests, and explained by the 
stress and strain fields predicted by the finite element models. Bulging and 
cracking were observed in the constituent Cu and Fe layers, respectively. For 
the Cu/Fe and Fe/Cu multilayers, cracking in brittle Fe layers was responsible 
for the failure of the pillars, and the existence of ductile Cu layers did not 
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improve the deformability of the pillars. In addition, finite element modelling 
showed that the effects of plastic strain gradients and corresponding 
geometrically necessary dislocations are significant in the Cu/Fe and Fe/Cu 
multilayers. Furthermore, sensitivity analysis suggests that the taper angle, 
friction coefficients and misalignment angles between the pillar and flat punch 
play important roles in microcompression tests. 
Extrinsic size effects were observed in the microcompression of multilayer 
pillars with different diameters and layer thicknesses; either a larger pillar 
diameter or a smaller layer thickness leads to a higher flow stress for a 
multilayer pillar. The finite element models verified the extrinsic size effects 
observed experimentally. The layer aspect ratio (layer thickness/diameter) was 
shown to be the critical parameter that controls the aforementioned extrinsic 
size effects in multilayer pillars. To distinguish this from the conventional 
extrinsic size effect in single crystals, the extrinsic size effect related to the 
layer aspect ratio of a multilayer pillar was considered as the artificial extrinsic 
size effect. Extensive finite element simulations demonstrated that the artificial 
extrinsic size effect is also influenced by the length scale of the pillars and the 
relative mechanical properties of the constituent layers. 
Mechanical behaviour of Cu-Fe thin films and multilayers were also 
investigated by nanoindentation experiments and modelling. The hardness 
values extracted from both nanoindentation experiments and modelling 
indicate size effects in the Berkovich nanoindentation of Cu-Fe thin films and 
multilayers, which can be attributed to the accumulation of geometrically 
necessary dislocations according to the Nix-Gao strain gradient model. For 
both experiments and modelling, severe pile-up and sink-in are observed in the 
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Cu/Fe and Fe/Cu multilayers, respectively. The dimensional constraints 
imposed by the layer structure were found to alter the deformation fields in the 
Cu/Fe and Fe/Cu multilayers. As a consequence, different relationships 
between hardness and indentation depth were exhibited in the Cu/Fe and Fe/Cu 
multilayers. Sensitivity analysis showed that the tip radius of the indenter and 
the relative strengths of the constituent layers also influence the indentation 
size effect. Moreover, the modelling results also suggest the importance of 
accounting for the geometric features of Berkovich nanoindentation. 
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1 Introduction 
 
1.1 Overview 
Thin films and multilayers with layer thickness at the micron/sub-micron scale 
are widely applied in semiconductor [1], solar cells [2, 3], and micro-electro-
mechanical systems (MEMS [4]. The mechanical behaviour of thin films and 
multilayers are critical to the performance and reliability of functional parts 
and micro-devices [5-7]. Under external loads, the cracks or fracture that lead 
to the failure of the thin films and multilayers are usually confined in particular 
length scales that have the same order as their layer thicknesses [8, 9]. 
Therefore, to understand the mechanical behaviour of thin films and 
multilayers at the length scales of their layer thicknesses becomes important for 
the designing and optimization of their mechanical properties on different 
applications. 
In metallic multilayers, plastic deformations are distributed according to the 
relative strengths of constituent layers. Due to the mismatch in mechanical 
properties, constituent layers are implicitly subjected to constraints exerted by 
the neighbouring layers or substrate [5]. Such constraints strongly affect the 
strain path of constituent layers and, in turn, change the overall strength of the 
multilayers [10, 11]. Therefore, it is critical to understand (i) how the layered 
structure affects the mechanical behaviour of a multilayer comparing to that of 
monolithic materials and (ii) how the material properties of constituent layers 
influence the overall performance of a multilayer.  
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Characterizing the mechanical properties of materials at the micron/submicron 
scale is usually more difficult than that of bulk materials, since the reduced 
length scale gives rise to problems regarding to both the sample preparation 
and measurement accuracy [12-15]. Nanoindentation and microcompression 
tests are the most commonly used testing methods to measure the mechanical 
properties of materials at small length scales, which is especially useful for thin 
films and nano-structured materials [16-26].  
Microcompression test was firstly introduced by Uchic to characterise 
mechanical behaviour of Ni single crystal pillars that were prepared by focused 
ion beam (FIB) [23]. It can be regarded as a micron version of a conventional 
uniaxial compression test. The stress-strain curves of materials at the 
micron/submicron scale can be extracted. The advantages of microcompression 
test include (i) micron/submicron sized samples can be fabricated out of almost 
any material and (ii) the stress condition during test is uniaxial. Hence, 
microcompression test provides an opportunity to probe the mechanical 
behaviour of metallic multilayers under uniaxial deformation conditions. 
However, the complexity and accuracy of microcompression test are affected 
by many factors, such as, taper angle of a pillar, alignment between the pillar 
and flat punch, constraints from substrate, and interplay between constituent 
layers [27]. Understanding on how these factors affect the mechanical 
behaviour of multilayers during microcompression tests are lacking and yet to 
be systematically investigated. 
Besides microcompression test, nanoindentation test can be applied to extract 
hardness and elastic modulus of a material by introducing plastic deformation 
in a region of only micron or nanometre in size [17]. One characteristic of 
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nanoindentation test is that the deformation is localized in a small material 
volume due to the confinement of surrounding materials. As a consequent, 
extremely large hydrostatic stress occurs in the centre of the indentation region 
and strong stress gradients exist from the centre to the outer boundary. In 
contrast to microcompression test, nanoindentation test can provide insights 
into the mechanical behaviour of metallic multilayers under confined 
deformation conditions. However, the complexity in deformation condition 
also adds difficulties to interpret the results of nanoindentation tests. For 
example, pile-up or sink-in can occur during nanoindentation tests, which 
causes large errors in the measurement of hardness and elastic modulus [28, 
29]. For a multilayer, the complexity in deformation condition is further 
increased by the layered structure. Therefore, the understanding of the effect of 
layered structure in nanoindentation test becomes important for interpretation 
of nanoindentation results. 
As the deformations in nanoindentation and microcompression tests are at 
small scales, the mechanical behaviour of materials is greatly influenced by 
size effects. It is well known that the strength of a metallic material strongly 
depends on the characteristic length scale of its microstructure, i.e. grain size, 
which is known as the Hall-Patch relation [30-32]. The size effect that relates 
to the intrinsic microstructural length scale of the materials is termed as the 
intrinsic size effect [33]. In addition to the intrinsic size effect, extrinsic size 
effect has also been discovered in many mechanical tests of samples that have 
size in the range from 100 nm to tens of microns. The extrinsic size effect 
explains the strengthening of samples regarding to their external dimensions, 
such as film thickness and pillar diameter [15, 23, 33]. For example, the yield 
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stress and work hardening rate of Ni pillars increase with decreasing diameters 
from 40 Ɋm to below 200 nm [23, 34]. As both the intrinsic and extrinsic 
dimensions affect the mechanical behaviour of metallic multilayers, it is 
important to differentiate their contributions to the overall strength under 
different deformation conditions.  
In the last decade, increasing efforts have been taken to study the deformation 
and strengthening mechanism for metallic materials at the micron/submicron 
scale [33]. However, the majority of the experimental data are focused on 
single crystals, and the mechanical behaviour of metallic thin films and 
multilayers is far less explored. In addition, the experimental data are not able 
to provide the whole picture of the mechanical behaviour of materials at the 
micron/submicron scale. In many situations, numerical modelling and 
simulation are needed to provide deeper insights into the mechanical behaviour 
of materials at micron/submicron scale [35].  
Several numerical methods are commonly used to model and simulate the 
mechanical behaviour of metallic materials at the micron/submicron scale, 
such as finite element method (FEM), discrete dislocation dynamics (DDD), 
and molecular dynamics (MD). Molecular dynamics and discrete dislocation 
dynamics are suitable for exploring atomic-scale deformation and dislocation 
mechanisms, whereas finite element method is effective for studying metal 
plasticity at continuum levels [35-39]. In this thesis, finite element models are 
developed to study the mechanical behaviour of metallic thin films and 
multilayers in microcompression and nanoindentation tests. The uniaxial and 
confined deformation conditions can be numerically studied by finite element 
models. With the implementation of strain gradient plasticity, the size effects in 
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microcompression and nanoindentation tests can be investigated, in which 
extra work hardening arising from geometrically necessary dislocations (GND) 
can be accounted for materials at the micron/submicron scale [40, 41]. This 
would be of great value to the designing and engineering of thin films and 
multilayers at the micron/submicron scale. Furthermore, finite element 
modelling provides opportunities to numerically investigate the effects of 
experimental parameters in multilayers. 
1.2 Thesis Objectives 
The aim of the current study is to extend the knowledge and understanding of 
mechanical behaviour of metallic thin films and multilayers at the 
micron/submicron scale. Since the mechanical behaviour of materials varies 
with the applied strain conditions, the objectives of this thesis can be divided as 
follows: 
a. to understand the mechanical behaviour of metallic thin films and 
multilayers under uniaxial strain conditions, i.e. microcompression; 
b. to understand the mechanical behaviour of metallic thin films and 
multilayers under confined strain conditions, i.e. nanoindentation; and 
c. to further understand the size effects in microcompression and 
nanoindentation of metallic thin films and multilayers.  
1.3 Thesis Structure 
To achieve the above objectives, Cu-Fe thin films and multilayers with layer 
thickness in the range of 100 nm to 2 Ɋm are used as model materials of a 
soft/hard thin film and multilayer system. Microcompression and 
nanoindentation tests are carried out to investigate the mechanical behaviour of 
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Cu-Fe thin films and multilayers under uniaxial and confined deformation 
conditions, respectively. Finite element models are developed to provide 
deeper insights into the deformation and strengthening behaviour in the thin 
films and multilayers during microcompression and nanoindentation tests. The 
main body of this thesis is structured as the following: 
Chapter 2 starts with a review on the latest advances in mechanical testing 
methods at the micron/submicron scale, particularly the microcompression and 
nanoindentation tests, followed by a review on their applications to metallic 
thin films and multilayers. The advantages and persisting issues in 
microcompression and nanoindentation tests of thin films and multilayers are 
critically evaluated. Then, numerical modelling methods for studying 
mechanical behaviour of materials at the micron/sub-micron scale are 
reviewed, with an emphasis on the finite element method. 
Chapter 3 describes the experimental and modelling techniques employed in 
this thesis. The experiments includes (i) the fabrication of thin films and 
multilayers by the DC Magnetron sputtering technique; (ii) the phase and 
microstructure characterisation by X-ray diffraction (XRD), scanning electron 
microscopy (SEM), and transmission electron microscopy (TEM); and (iii) the 
mechanical characterisation by microcompression and nanoindentation tests. 
The modelling work involves the development of FE models for both 
microcompression and nanoindentation, as well as the implementation of strain 
gradient plasticity in the FE models. 
Chapter 4 presents the results of microcompression tests on the Cu-Fe thin 
films and multilayers. The mechanical behaviour of the Cu-Fe thin films and 
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multilayers are investigated based on the extracted stress-strain curves and 
SEM images. Meanwhile, FE models are employed to simulate the 
deformations in the Cu-Fe thin films and multilayers during microcompression 
tests. The FE models not only interpret and explain the mechanical behaviours 
observed in experiments, but also systematically explore the influence of 
experimental parameters on the mechanical behaviour of thin films and 
multilayers during microcompression tests.  
In Chapter 5, the extrinsic size effect in microcompression of metallic 
multilayers are investigated both experimentally and numerically. The first 
section of this chapter presents the microcompression experiments and 
modelling on multilayer pillars with different diameters. This reveals the effect 
of diameter on the mechanical behaviour of multilayer pillars at the 
micron/submicron scale. The second section reveals the effects of layer 
thickness on the mechanical behaviour of multilayer pillars, via 
microcompression experiments and modelling on multilayer pillars with 
different layer thicknesses. Finally, a generalization of the extrinsic size effects 
in microcompression test of multilayer pillars is obtained based on the 
experimental results and extensive modelling work.  
To unveil the mechanical behaviour of thin films and multilayers under 
confined deformation conditions, nanoindentation experiments and modelling 
on Cu-Fe thin films and multilayers are presented in Chapter 6. The hardness 
of the thin films and multilayers are extracted from the experiments and FE 
models, whereas the indentation size effect is captured and explained with the 
Nix-Gao strain gradient model. The pile-up and sink-in phenomena are 
characterised by AFM imaging and simulated by the FE models. The 
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deformations inside the thin films and multilayers are studied by the FE models 
to understand the exaggerated pile-up and sink-in in the Cu/Fe and Fe/Cu 
multilayers, respectively. Furthermore, extensive FE modelling work is 
conducted to investigate the dependence of hardness on the plastic strain 
gradients, tip radius, and relative strengths of constituent layers.  
Finally, Chapter 7 summarises the concluding remarks of the current study 
and provides recommendations for future work.  
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2 Literature Review 
 
In the last two decades, a great variety of nanomaterials have been developed 
and applied, owing to the dramatic advances in nanotechnology [42]. One 
category of nanomaterials of particular interest includes the thin films and 
multilayers with layer thickness ranging from a few nanometres to tens of 
microns. These nanomaterials have been widely applied as magnetic 
components, electrical conductors and resistors, optical reflectors, passivation 
layers, and wear resistant layers, etc.[43, 44]. For example, multilayers are 
increasingly used to fabricate high quality solar cells, in which p-i-n junctions 
can be formed by multiple layers of thin films, as shown in Figure 2.1 [45].  
 
Figure 2.1. (a) A solar module consisting of a 10×10 array of solar cells and (b) 
layered structure in a single-junction solar cell [45]. 
The mechanical properties of thin films and multilayers are critical to their 
function and lifetime, even though some of the thin films and multilayers are 
used in non-loadbearing applications [5, 6, 46]. Hence, fundamental knowledge 
and understanding of the mechanical behaviour of thin films and multilayers 
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are essential for design and application. These mechanical behaviours depend 
on the microstructures of constituent layers and the dimensional constraints 
applied by the substrates and layered structure. Our work was motivated by a 
general phenomenon in metallic materials - “smaller is stronger” [33, 47]. As 
the characteristic length of thin films and multilayers is commonly at the 
micron/submicron scale, their mechanical behaviours differ greatly from their 
bulk counterparts [5, 35, 48]. With the recent advances in nanofabrication and 
nanotechnology, various new microscale mechanical testing methods have 
been developed and applied to characterise mechanical properties of a wide 
range of thin films and multilayers [13, 49]. 
The following section starts with an overview on the fabrication of metallic 
thin films and multilayers, followed by a review on their mechanical behaviour 
at the micron/submicron scale. Then, the developments of mechanical testing 
methods at the micron/submicron scale are evaluated with an emphasis on their 
applications in thin films and multilayers. Moreover, numerical studies on 
mechanical behaviour of thin films and multilayers are also reviewed, with 
focus on the finite element method and strain gradient plasticity theories. At 
the end, the current issues and challenges in understanding the mechanical 
behaviour of metallic thin films and multilayers are addressed. 
2.1 Metallic thin films and multilayers  
Metallic thin films and multilayers represent a new class of engineering 
materials that consists of one or more metal layers with highly controllable 
thickness, composition, and microstructure [43, 50]. Superior mechanical, 
electrical, magnetic, and optical properties can be engineered in these materials 
[50]. Many research works have been conducted to fabricate and characterise 
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metallic thin films and multilayers with thickness in the range of a few 
nanometres to tens of microns. 
2.1.1 Fabrication of metallic thin films and multilayers 
Metallic thin films and multilayers are commonly fabricated by physical 
vapour deposition (PVD) and chemical vapour deposition (CVD) techniques. 
PVD is a variation of vacuum deposition methods, in which atoms of source 
materials are dislodged into a vacuum chamber creating a vapour before 
condensing on to the substrate. CVD is similar in some respects to PVD, but it 
involves chemical reaction in the vapour or at the surface of the film to deposit 
materials. The details on PVD and CVD have been reviewed by many authors 
[43, 51-54]. Here, we only review two of the most widely used PVD methods 
for depositing metallic thin films and multilayers, specifically, the thermal 
evaporation and sputtering [43, 55-58].  
Thermal evaporation 
In this process, thermal energy is supplied to create vapour of source materials. 
Based on the type of energy supply and growth rate, thermal evaporation can 
be further divided into resistive heating deposition, laser deposition, electron 
beam evaporation, and molecular beam epitaxy, etc. [43]. The deposition rate 
and microstructure depend on many parameters, such as, the distance between 
source and substrate, the incident angle, the substrate temperature, and the base 
pressure [57]. As the source atoms land on the substrate with low kinetic 
energy, thermal evaporated films usually have high degree of texture. The 
deposition rate is usually in the range of 0.02-0.4 nm/s. Metal alloys can also 
be deposited by evaporating the constituent materials at different temperatures. 
A structure zone model proposed by Movchan and Demchishin can be used to 
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relate the morphological structure of electron beam evaporated thin films to a 
normalised temperature ܶȀ ௠ܶ, in which ܶ is the deposition temperature and ௠ܶ 
is the melting temperature of the material [59]. 
Sputtering 
Sputtering is a process where the atoms of source materials are knocked off by 
accelerated ions and subsequently deposited on the substrates. Direct-current 
(DC) or radio-frequency (RF) voltages are commonly imposed to ionize the 
sputtering gas (typically, ). By applying a magnetic field to trap the free 
electrons, magnetron sputtering can significantly increase the efficiency of 
ionization and a high deposition rate in the range of 1-10 nm/s can be achieved 
[55]. The sputtered atoms usually land on the substrate at a high speed, which 
increases surface diffusivity and defect nucleation in the deposited film. As a 
consequence, the deposited films usually have less ordered crystallographic 
orientations. Therefore, polycrystalline films with ultrafine grains can be 
achieved at room temperature. Similar to thermal evaporation, the 
microstructure of the sputtering deposited films can be affected by many 
parameters, such as base pressure, deposition rate, and substrate temperature 
[60-62]. Based on the Thornton’s structure zone model [62], Anders et al. [58] 
produced an extended structure zone diagram for sputtered films, as shown in 
Figure 2.2. The microstructure of sputtered films strongly depends on the 
generalized temperature ܶכ and kinetic energy ܧכ. 
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Figure 2.2. An extended structure zone diagram applicable to thin films 
deposited by magnetron sputtering [58]. 
Magnetron sputtering provides good control over layer thickness and 
stoichiometry of the films. The thickness of individual layers in the range from 
a few nanometres to tens of microns can be precisely achieved [55, 56]. 
Metallic materials are often deposited by DC sputtering, while non-conductive 
materials can be deposited by RF sputtering. Various metallic systems have 
been effectively fabricated by magnetron sputtering due to its versatility. 
Monolithic thin films can be deposited with a single sputtering source [63-67], 
while alloyed thin films can be achieved by co-sputtering of multiple sources 
[68-72]. Furthermore, multilayers can be easily fabricated by sequential 
sputtering/co-sputtering of multiple sources. Its application includes 
nanocrystalline/nanocrystalline multilayers [63, 66, 73-79], 
nanocrystalline/amorphous multilayers [80-82], amorphous/amorphous 
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multilayers [83] etc. In this thesis, the DC magnetron sputtering was adopted to 
deposit the metallic thin films and multilayers. 
2.1.2 Mechanical properties of thin films and multilayers 
The mechanical properties of thin films and multilayers are critical to their 
performance and reliability, no matter in loadbearing or non-loadbearing 
applications [5, 6, 84]. In loadbearing applications, such as protective and/or 
wear resistant coatings, the mechanical properties of thin films and multilayers 
are directly related to their functioning and service life-time. In non-
loadbearing applications, such as microelectronic and photovoltaic 
components, thin films and multilayers need to sustain residual stresses and 
thermal stresses to keep structural integrity over their service life.  
The main characteristics of thin films and multilayers include: (i) the thickness 
is small compared with the other two dimensions and (ii) they are usually 
supported by substrates. Apart from the external loads, stresses can arise in thin 
films and multilayers due to the misfit between the constituent layers and 
substrate. Such misfit can be introduced by thermal strains, epitaxial strains, 
growth strains, and displacements in substrates (e.g. bending). The misfit stress 
and strain alter the behaviour of thin films and multilayers in mechanical 
testings and complicate the extraction of mechanical properties from 
experimental data. For example, when the ambient temperature varies, the 
thermal stress arises due to the mismatch in thermal expansion coefficients of 
thin films and substrates. With a large mismatch and high elastic modulus, the 
thermal stress could be very high, which would possibly causes decohesion and 
cracking.  
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In thin films and multilayers, the constraints from the substrate or neighbouring 
layers vary with many factors, e.g. layer thickness, mechanical properties of 
neighbouring layers, and interface coherence. The constraints exerted by the 
substrate can either strengthen or weaken the films and multilayers by 
influencing the generation, motion, and propagation of dislocations [5]. By 
varying the combinations of constituent layers, various types of metallic 
multilayers with different interfaces and microstructures were fabricated and 
studied, such as Cu/Nb [8, 85-88], Cu/Cr [73, 89-92], Cu/Fe [79, 93, 94], 
Cu/Ni [75, 76, 86, 87], Au/Cu [77, 78, 91, 92], Ag/Cu [95], Ag/Ni[96], Cu/Zr 
[8, 90], Cu/ZrCu [80-82], and Zr/ZrCu [81, 97]. Superior mechanical 
properties can be achieved in metallic multilayers, such as ultrahigh strength, 
improved ductility, and enhanced fatigue resistance [8, 82, 85, 89, 98, 99]. 
Mara et al. [98] reported an extremely high flow strength of 2.4 GPa and a 
ductility exceeding 25% true strain were achieved in Cu/Nb multilayers with 
constituent layer of 5 nm thick. Liu et al. [82] demonstrated superplastic-like 
homogeneous deformation in amorphous-ZrCu/nanocrystalline-Cu multilayers, 
which can be attributed to the good match between the flow stress of Cu layer 
and amorphous ZrCu layer. Zhang et al. [8] showed that, for Cu/Nb and Cu/Zr 
nanocrystalline multilayers, both tensile ductility and fracture toughness reach 
a peak when the brittle and ductile layers had the same thickness.  
2.1.3 Size effects in metallic thin films and multilayers 
Since the thicknesses of thin films and multilayers are at the micron/submicron 
scale, the mechanical behaviours of thin films and multilayers differ greatly 
from their bulk counterparts [48, 89, 100]. It is well known that the strength of 
a metallic material strongly depends on the characteristic length scale of its 
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microstructure, e.g. grain size, which is commonly referred as the Hall-Petch 
relation [30-32]. In the Hall-Petch relation, the yield stress ߪ is correlated to 
the characteristic length ݀ as, 
 ߪ ൌ ߪ଴ ൅ ݇݀ି௣ (2.1) 
where ߪ଴ is a reference stress to move individual dislocation, ݇ is a constant, 
and ݌ is the grain size exponent. For coarse-grained polycrystalline materials, 
the grain size exponent ݌ is typically 1/2. The characteristic length ݀ is 
determined by microstructural constraints such as, grain size, grain boundaries, 
second-phase particles. The size effect related to the microstructural constraints 
is commonly referred as the intrinsic size effect. 
The Hall-Petch relation generally holds for materials with grain size above ~50 
nm. However, many studies showed that modified Hall-Petch relations, i.e.  
ߪ ൌ ߪ଴ ൅ ݇݀ିଵ, was recognized as a better description of size effects for Al 
thin films [101]. The breakdown of the Hall-Petch relation is more convinced 
at a grain size below 20 nm, in which a glass-like behaviour starts to dominate 
[102-104]. A compiled plot for size effect in various form of Cu is shown in 
Figure 2.3. It indicates that the relationship between the strength and grain size 
is ambiguous when the grain size is smaller than ~25 nm (݀ିଵȀଶ ൌ ͲǤʹሻ. In 
general, the breakdown of the Hall-Petch relation reflects the changeover of 
deformation mechanisms dominate at different length scales, which was also 
supported by molecular dynamics simulations [104]. 
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Figure 2.3. A compiled plot of size effect in Cu [48]. 
Recently, many microscale mechanical tests have revealed a size effect 
regarding to the external dimensions of specimen, which is referred as the 
extrinsic size effect [15, 23, 33]. The extrinsic size effect captures the 
dependence of the flow stress and work hardening on the external dimensional 
constraints, such as the diameter of pillars in microcompression test. It was 
firstly reported by Uchic et al. that the yield stress of Ni and Ni3Al-Ta 
increases significantly when the pillar diameter was reduced from 20 ȝm to 0.5 
ȝm [23]. For single crystal gold pillars, Greer et al. reported that the flow stress 
increased when the diameters of the pillars were reduced from 7.45 ȝm to 0.3 
ȝm [25]. The dislocation starvation mechanism for single crystal pillars was 
proposed to explain the extrinsic size effect [25, 105]. The basic concept of 
dislocation starvation model is that a smaller pillar has lower probability for 
dislocation multiplication and results in a dislocation starved condition. 
Consequently, very high stresses are required to activate new dislocations, 
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leading to the observed near theoretical strengths. By in-situ TEM compression 
tests on Ni single crystal pillars, Shan et al. demonstrated that the pre-existing 
dislocations are depleted under small mechanical deformation and the 
subsequent deformation is controlled by the activation of new dislocation in a 
source-limited regime, leading to step wise strain hardening [106]. It was also 
shown that the pillars with large diameters are less likely to achieve 
dislocation-starved conditions and have lower flow stresses in the subsequent 
deformations.  
However, different extrinsic size relationships have been reported for 
nanocrystalline and amorphous materials, such as strength weakening [107] 
and plateau-like relation [108, 109]. Jang et al. reported that the strength of 
nanocrystalline (60 nm) Ni-W pillars decreases from 1.47 GPa to 0.86 GPa in 
microcompression tests and from 1.52 GPa to 0.98 GPa in microtensile tests, as 
the diameter of the pillars decreases from 2.5 ȝm to 0.1 ȝm [107]. Nanoscale 
shear band also formed in pillars consisting of 60 nm nanocrystallines, which 
was previously only reported in much smaller-grained samples (3 nm). They 
suggested that the reduction in external dimensions is responsible for the 
change in deformation mechanism, i.e. from homogeneous deformation to 
shear banding. Although the activation of grain boundary-mediated 
deformation was observed in 100 nm pillars by TEM analysis, the effect of size 
on deformation mechanism is still unclear for pillars larger than 100 nm. 
In addition, a plateau-like relationship between the yield stress and sample size 
was reported in microcompression and microtensile tests of Zr35Ti30Co6Be29 
metallic glasses [108, 109]. In microtensile tests, the yield stress of 
Zr35Ti30Co6Be29 metallic glass pillars increases as the pillar diameter decreases 
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down to 500 nm, below which it remains at 2.25 GPa [109]. Similarly, the 
yield stress in microcompression test scales inversely with pillar diameter 
down to 800 nm and remains at maximum value of 2.6 GPa for smaller pillars 
[107]. Weibull statistics indicated the existence of a fundamental connection 
between the extrinsic sample size and mechanical properties, however, it was 
not readily understood. 
In thin films and multilayers, an extra dimensional constraint is induced by the 
layered structure, and the strain field varies from one layer to another. The 
underlying deformation mechanism apparently depends on both the 
microstructure and dimensional constraints in the thin films and multilayers 
[47, 75, 92, 95, 98, 100, 110, 111]. As far as the dislocation motion is 
concerned, a small grain size or layer thickness reduces the dislocation moving 
space, but it varies with the relative scale of layer thickness compared to the 
grain size. When the layer thickness is much larger than the grain size, the 
dislocation moving space is controlled by the grain size. In contrast, when the 
layer thickness becomes comparable to the grain size, both of the grain size 
and thickness play a role in controlling the dislocation motion, and it is often 
hard to distinguish these two competing factors.  
For miniaturized testing methods, such as microcompression and microtensile 
tests, the aspect ratio (height/diameter) is another important parameter that 
affects the mechanical response of the specimen. A significant increase in flow 
stress of Cu pillars was observed when the aspect ratio decreases from 2:1 to 
1:1, but no change in flow stress was found for pillars with aspect ratios above 
2:1 [112, 113]. The small aspect ratio was believed to introduce interfaces 
constraining the dislocation slip. Note that the aspect ratio of constituent layers 
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in thin films and multilayers is usually much smaller; the layer aspect ratios 
(layer thickness/diameter) are commonly under 0.2:1. Zhang et al. studied the 
extrinsic size effect in microcompression tests of Cu/Zr multilayer pillars with 
different layer thicknesses [9]. For multilayers with individual layers of 100 
nm thick, only small strength increase was observed as the diameter of the 
pillar decreased from 800 nm to 300 nm. In contrast, dramatic strength increase 
was observed for multilayers with individual layer of 5 nm thick, as the 
diameter changed. The vast difference in the extrinsic size effect was attributed 
to the different deformation mechanisms involved in Cu/Zr multilayers of 
different thicknesses; uniform plastic deformation occurred in the 5 nm 
multilayer, while shear localization occurred in the 100 nm multilayer [9].  
The above studies suggested that the extrinsic size effect could be complex 
when the underlying deformation mechanism is changing along with the 
external dimensions. The extrinsic size effects reported in literature were the 
combined effects in deformation mechanism and dimensional constraints 
corresponding to change in external dimensions. To understand the extrinsic 
size effect more thoroughly, it is necessary to separate the deformation 
mechanism variation from the dimensional constraints, if possible. One 
potential solution would be categorizing size effects into different length scales 
based on the underlying deformation mechanisms. 
2.1.4 Failure mechanism in metallic thin films and multilayers 
In most situations, both high strength and ductility are desirable for a material. 
The yield strength can be improved by refining the grains for most of metallic 
materials. However, a ductility reduction usually comes with a grain 
refinement [48, 114, 115]. These controversial dependencies of ductility and 
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yield stress on the grain size place a limit on grain refinement. For example, 
the yield stress of Ag/Cu multilayer increases with the reducing layer thickness 
in the Hall-Petch fashion for thicknesses above 40 nm, but the ductility 
decreases at the mean time and no ductility was shown below 40 nm [95]. For 
Cu/Nb multilayers, the rolling strain to fracture decreased from 65% to 38%, 
when the bilayer thickness decreases from 75 nm to 15 nm [100]. 
The knowledge of fracture or failure mechanisms is important for designing 
and applying thin films and multilayers. The common failure modes for thin 
films on substrates were summarized by Evans et al. based on the residual 
stress state and bonding strength, as shown in Table 1 [116]. It is obvious that 
thin film or multilayers commonly fail in the means of decohesion or cracking 
when they are subjected to excessive stresses. For example, Zhu et al. 
demonstrated that crack initiated at a small strain (0.3%) during bending of 
Cu/Ni multilayer and decohesion simultaneously occurred at the edge of 
fracture [117]. 
For thin films and multilayers, decohesion or cracking usually initiates and 
propagates at a particular length scale, namely, the layer thickness [8, 9]. 
Under fatigue loading, channel crack usually initiates within a single layer that 
has high local stress concentration [118]. The fracture mode of multilayers was 
also found depending on the layer thickness [8, 88, 91, 119, 120]. The Cu/Ta 
multilayers with thicknesses at 100 nm scale fractured in the opening mode, 
while those with thicknesses at nanometre scale fractured in the shear mode 
[119]. In Cu/Au multilayers, the fracture mode transmits from ductile shear 
fracture to brittle shear fracture when the bilayer thickness decreases from 250 
nm to 25 nm [91]. Zhang et al. also demonstrated that open fracture and shear 
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Table 1. Failure modes for thin films on substrates [60, 116]. 
Residual stress Film/Substrate Interface bonding Decohesion mechanism(s) 
Tensile 
Brittle/Brittle 
Good Film/substrate splitting ĺ 
Substrate decohesion 
Poor 
Edge decohesion at interface 
(higher film toughness) 
Film cracking ĺ Interface 
decohesion 
Brittle/Ductile 
Good Film cracking: No decohesion 
Poor Film cracking ĺ Interface 
decohesion 
Ductile/Brittle 
Good Edge decohesion in substrate 
Poor Edge decohesion at interface 
Ductile/Ductile Poor Edge decohesion at interface 
Compressive 
Brittle
Ductile Brittleൗ
Good Substrate splitting 
Poor Buckle propagation at interface 
Brittle/Ductile 
Good Buckle propagation in film 
Poor Buckle propagation at interface 
Ductile/Ductile
Good No decohesion 
Poor Buckle propagation at interface 
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fracture occurred in metallic thin films and multilayers depending on the layer 
thickness [8].  
For ductile/brittle multilayers, the interplay between the constituent layers 
depends on the layer thicknesses, which affects the competition between the 
micro-crack initiating in brittle layers and the crack blocking effect from the 
ductile layer [8, 120]. In Cu/Cr multilayers, micro-cracks initiate within the 
brittle Cr layers and then are arrested by the ductile Cu layers. On the one 
hand, a small bilayer thickness is favourable to suppress the crack growth and 
improve ductility. On the other hand, a thin Cu layer is less effective in 
blocking the micro-crack propagation [120]. In Cu/Nb and Cu/Zr multilayers, 
maximum tensile ductility and fracture toughness were observed at bilayer 
thickness of ~25 nm, and the constraining effect of the ductile layer was found 
controlling the fracture mode in ductile/brittle multilayers [8]. 
Informed by rolling experiments on Cu-Nb multilayers, Misra et al. [88] 
suggested three different deformation modes based on the underlying 
dislocation mechanisms (Figure 2.4), for layer thickness ranging from 
micrometres to nanometres. At micron/submicron length scales, a dislocation 
pile-up results in heterogeneous distribution of slip and non-uniform reduction 
in layer thickness. With a layer thickness at a few tens of nanometres, the 
deformation behaviour is controlled by the nucleation and motion of single 
dislocations, rather than the formation of dislocation cell structure. The glide 
dislocations are spaced uniformly along the interfaces due to the repulsive 
force between like-sign dislocations. Hence, a uniform reduction in layer 
thickness occurs in individual layers. When the thickness is a few nanometres, 
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dislocation slip can transmit cross the layer interface, leading to interface 
cutting and strain localization. 
 
Figure 2.4. Dependence of plastic flow stability of metallic multilayers on layer 
thickness in the range from micrometres to nanometres [88]. 
2.2 Mechanical testing methods at the micron scale 
Measuring mechanical properties of thin films and multilayers is usually more 
challenging than that for a bulk material. To obtain the intrinsic mechanical 
properties of a thin film, rather than the collective response of the film and 
substrate, the mechanical testings need to be designed in such a way that the 
deformation only occurs in the thin film portion, otherwise corrections need to 
be applied [13]. As the representative scales of the thin films are in microns or 
less, the deformation occurring in mechanical tests needs to be at the same 
length scale or lower. When the length scale reduces, experimental challenges 
arise regarding to the sample preparation and handling, measurement accuracy 
of small forces and strains, and temperature control [13, 121]. For example, the 
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indentation impression in a hardness test cannot be imaged with optical 
microscopes when the indentation depth reduces down to submicron scale [17]. 
A variety of microscale testing techniques have been developed to measure the 
mechanical properties of thin films and multilayers [12, 13, 121, 122], such as 
nanoindentation [16, 17, 20], microcompression [23, 123], microtensile [113, 
124-126], microbeam bending [127-129], and bulge test [65, 130-132]. In these 
testing methods, specimens, as small as 100 nm, can be fabricated using either 
lithography or FIB techniques. The measurement resolution of load and 
displacement can reach nano-Newton and subnanometre, respectively. The in-
situ microscale testing methods push the specimen size down to its limit and 
potentially close the gap between the experimental and computational studies 
in a quantitative manner [106, 133]. A comparison of microscale mechanical 
testing methods applicable to thin films and multilayers are shown in Table 2.  
Generally, the nanoindentation test is the most widely applied mechanical 
testing method for thin films and multilayers [5, 13, 60, 84, 134]. The main 
advantage of the nanoindentation test is that the hardness and elastic modulus 
can be quickly extracted by indenting an extremely small material volume 
without removing the thin film from its substrate. Recently, microcompression 
test has gained great attention due to its simplicity in extraction of stress-strain 
curves for materials at the micron/submicron scale. It produces uniaxial 
deformation conditions in a small volume, and the sample preparation is 
relatively easy compared with in-situ microtensile tests [113]. In addition, 
microcompression tests are often carried out in commercial nanoindentation 
systems, only requiring a replacement of a conventional indenter with a flat-
punch. 
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In fact, microcompression and nanoindentation tests are mutually 
complementary, as far as the characteristics of deformations are concerned. 
Microcompression tests provide insights on the mechanical behaviour of 
materials under uniaxial deformation conditions, while nanoindentation tests 
probe the mechanical behaviour under confined deformation conditions. In the 
next section, nanoindentation and microcompression tests are critically 
reviewed with an emphasis on their applications in thin films and multilayers. 
2.2.1 Nanoindentation test 
Nanoindentation test is a variation of conventional micro-hardness tests. It 
overcomes the barrier that the indentation impression cannot be imaged with 
optical microscopes, when the indentation depth reduces down to the 
micron/submicron scale [17]. The nanoindentation test has been widely applied 
to measure mechanical properties of materials at small length scales, which is 
especially useful for thin films and nano-structured materials [16-22, 26]. The 
basic principle of this test is that the contact depth can be estimated from a 
load-displacement curve, rather than by imaging the indentation impression 
[16, 17]. With a knowledge of the indenter geometry, the hardness and elastic 
modulus can be extracted from the load-displacement curves by applying 
analytical models, i.e. the Oliver-Pharr method [17].  
In the Oliver-Pharr method, the loading force ܲ, indentation depth ݄, and the 
contact stiffness ܵ ൌ ݀ܲȀ݄݀ are extracted directly from the load-displacement 
curves. Figure 2.5 illustrates the details of a load-displacement curve and the 
parameters related to the contact geometry. Given that the elastic deformation 
in the contact periphery can be described by the Sneddon’s effect [138], the 
contact depth hc in prior to unloading is estimated by 
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 ݄௖ ൌ ݄ െ ߳ ڄ
ܲ
ܵ (2.2) 
in which Ԗ is a constant related to the geometry of the indenter and Ԗ= 0.75 is 
the commonly used empirical value [20]. The projected contact area ܣ௖ is 
related to the contact depth ݄௖ by an area profile function (or indenter shape 
function), ܨሺ݄௖ሻ, written as  
 ܣ௖ ൌ ܨሺ݄௖ሻ (2.3) 
The area profile function ܨሺ݄௖ሻ usually needs a careful calibration to account 
for the imperfection in the indenter geometry, especially the roundup near the 
tip. Once the contact area is estimated, the hardness ܪ is determined as  
 ܪ ൌ ܲܣ௖ (2.4) 
Considering the elastic displacements occurred in both the specimen and 
indenter, the effective elastic modulus ܧ௘௙௙ is defined by  
 
ͳ
ܧ௘௙௙ ൌ
ͳ െ ݒଶ
ܧ ൅
ͳ െ ݒ௜ଶ
ܧ௜  
(2.5) 
where ܧ and ߥ are the Young’s modulus and Poisson’s ratio of the specimen, 
respectively. Similarly, ܧ௜ and ߥ௜ are the Young’s modulus and Poisson’s ratio 
of the indenter. The effective elastic modulus ܧ௘௙௙ can be related to the contact 
area ܣ௖ and unloading stiffness ܵ as 
 ܧ௘௙௙ ൌ ߚ
ξߨ
ʹ
ܵ
ඥܣ௖
(2.6) 
The dimensionless parameter Ⱦ is used to account for deviations in stiffness 
due to the use of pyramidal indenters.  
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Figure 2.5. Illustrations of (a) details of a load-displacement curve and (b) 
parameters related to the contact geometry [20]. 
However, the Oliver-Pharr method does not take into account the pile-up or 
sever sink-in in the indentation periphery. For metallic materials that have low 
work-hardening rates, the material volume in the indentation region is pushed 
out to the sides of the indenter and forms pile-up along the periphery. In 
contrast, for materials with high work-hardening rate, the material volume in 
the indentation region is less likely to flow outwards, but displaced along the 
indentation direction, which leads to the sink-in along the periphery [139-143]. 
Once pile-up or severe sink-in occurs, the projected contact area may be 
underestimated or overestimated, respectively, if the Oliver-Pharr method is 
applied. Then, the errors generated in the projected contact area leads to a 
higher or lower hardness than its true value. Therefore, it is important to 
understand how the contact profile varies with the material properties during a 
nanoindentation test and how large the errors will be for the projected contact 
area and hardness of different materials. 
The pile-up and sink-in phenomena during indentation of homogeneous 
materials were investigated by many studies [29, 144-147]. It was 
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demonstrated that the contact area can be either underestimated or 
overestimated by as much as 60% for indentation with a rigid conical indenter 
due to pile-up or sink-in [145]. Generally, the Young’s modulus ܧ, yield stress 
ߪ௬, and work-hardening rate ݊ influence the magnitude of pile-up or sink-in. 
However, quantitative relation between the mechanical parameters and the 
magnitude of pile-up and sink-in is required to provide a full understanding on 
nanoindentation. With dimensional analysis, the parameters determining the 
magnitude of pile-up and sink-in were further simplified to be the work-
hardening rate ݊ and the ratio of yield stress to the Young’s modulus ߪ௬Ȁܧ. 
Based on finite element simulations, the normalised pile-up height ݄௖Ȁ݄ was 
quantitatively related to ߪ௬Ȁܧ and ݊ [29]. 
In addition, a high hydrostatic pressure usually occurs in the centre of an 
indentation region and a strong strain gradient exists from the centre to 
periphery in the indentation region [148]. The hardness was observed to 
increase with decreasing indentation depth in the micron/submicron regime, 
which is the well-known indentation size effect [147, 149-152]. The 
indentation size effect was attributed to the existence of GNDs in the deformed 
volumes [148]. The strain gradient plasticity theory was effectively applied to 
model the indentation size effect, in which the enhanced hardening caused by 
geometrically necessary dislocations was connected to the large strain gradient 
inherent in the indentation region [40, 148, 153-155]. For thin films and 
multilayers, the plastic strain gradients in the indentation region are inevitably 
interfered by the substrate and/or neighbouring layers. Therefore, the 
knowledge of indentation size effect in thin films and multilayers is critical to 
understand their mechanical behaviour at the micron/submicron scale. 
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2.2.2 Nanoindentation of metallic thin films and multilayers 
Nanoindentation tests are valuable to extract hardness and elastic modulus of 
thin films and multilayers, because it does not need to remove the films from 
their substrates. When the thicknesses of thin films and multilayers are reduced 
to submicron or nanometre scales, the accuracy of nanoindentation tests need 
to be reconsidered due to the system limitation. For example, it may be 
impractical to keep the indentation depth less than a tenth of layer thickness, 
because the surface roughness and indenter blunting limit the minimum 
applicable indentation depth. Generally, indentation depths comparable to or 
exceeding the layer thickness are more practical for nanoindentation tests of 
thin films and multilayers [10, 11, 87, 91, 92, 156-164]. Therefore, the 
understanding of the interplay between the thin film and substrate or 
neighbouring layers is required to extract the intrinsic mechanical properties of 
thin films and multilayers. 
When the indentation depth is of the same order as the film thickness, the 
mechanical properties of both constituent layers affect the loading and 
unloading behaviours [165]. In most monolithic metallic thin films, the plastic 
deformation only occurs in the soft metallic film, as the substrates (e.g. silicon, 
sapphire, and glass) are much harder than the metallic films. For multilayers, 
the constraints are inherently exerted by the neighbouring layers, in addition to 
those from the substrates. The plastic deformation can occur in more than one 
layer for metallic multilayers, because the yield stresses of constituent layers 
are often of the same order. Therefore, the interplay between the neighbouring 
layers strongly depends on the relative strengths of the constituent layers and 
the dimensional constraints of the layered structure.  
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Due to the dimensional constraints from the substrates or neighbouring layers, 
several issues need to be considered for nanoindentation tests of thin films and 
multilayers. Firstly, the measured hardness and modulus do not represent the 
intrinsic material properties of the top layer. In fact, it gives an effective 
response of the layered structure, which varies with the indentation depth. 
Secondly, the deformation in the indentation region is confined by the layered 
structure; the softer layers usually accommodate most of the plastic 
deformation. Strain gradients are further exaggerated by this non-uniform 
plastic deformation in the indentation region. As a consequence, additional 
hardening can be induced by the accumulation of GNDs, especially near the 
layer interfaces. Thirdly, the pile-up and sink-in can be either exaggerated or 
suppressed depending on the relative material properties of the constituent 
layers. In the case of a soft thin film on a hard substrate, the dimensional 
constraints from the hard substrates will force the soft films to pile up, 
regardless of the intrinsic properties of the soft films [11, 157]. For a hard thin 
film on a soft substrate, the compliance of the soft substrate will facilitate the 
sink-in in the thin films [10].  
As the indentation depth would be a significant fraction of the layer thickness 
or more, the stress field in the indentation region extends beyond the layer 
thickness. Several approaches have been proposed to model the substrate effect 
in thin films. Saha and Nix [166] proposed a method based on King’s elastic 
flat punch model [167] to analyse elasto-plastic Berkovich indentations, but in 
which the substrate effects were found to be overestimated at large indentation 
depths. Han et al. [161] proposed an improved method based on Yu’s analysis 
[168] to extract the hardness of thin films, in which the instantaneous projected 
Chapter 2. Literature Review 
-33- 
contact area can be estimated from the contact stiffness. This method is valid 
for elasto-plastic materials, irrespective of surface roughness and pile-up/sink-
in during indentation. However, this method requires the in priori knowledge 
of the elastic properties of the film and substrate, which is not often the case 
for thin films.  
Li et al. proposed another procedure based on Yu’s solution to derive the 
projected contact area in an indentation of a film on a substrate [169]. It 
adopted Yu’s solution to describe the elastic contact of an indenter on a coated 
half space, while the Oliver-Pharr method uses Sneddon’s solution for a 
homogeneous half space. It was demonstrated that this method is capable to 
determine hardness and indentation moduli. However, similar to the Oliver-
Pharr method, it does not consider pile-up around the indenter. In other words, 
errors will be generated when the tested materials either pile up or severely 
sink in. Note that the pile-up and sink-in are often exaggerated in thin films and 
multilayers by the dimensional constraints from the neighbouring layers or 
substrates. Hence, the understanding of the effects of layered structure on pile-
up and sink-in phenomena is still on demand. 
In summary, it is important to understand how the layered structure and 
mechanical properties of constituent layers affect hardness measurement, 
which would be of great value to design accurate testing methods for thin films 
and multilayers. However, the current analytical methods are not able to 
effectively account for the dimensional constraints and size effects in thin films 
and multilayers, due to the complexity in the plastic deformations in the 
indentation region. 
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2.2.3 Microcompression test 
Microcompression test is a miniaturized version of conventional uniaxial 
compression test, which is performed on micron-sized pillars. The 
microcompression test was firstly reported by Uchic and co-workers to 
measure plastic yielding for metallic single crystals [23]. Later on, 
microcompression tests were applied to study mechanical behaviour of a wide 
range of materials, such as single crystals [25, 106, 170-176], nanocrystalline 
materials [107, 177-179], shape memory alloys [180-182], metallic glasses 
[183-189], thin films and multilayers [9, 81, 111, 189-192]. A typical example 
of microcompression test on a single crystal pillar is shown in Figure 2.6. In a 
microcompression test, the uniaxial compressive condition provides 
fundamental insights into the deformation mechanism at the micron/submicron 
scale. Microcompression test can not only study the intrinsic size effects in 
materials, but can also capture the extrinsic size effects [33]. In addition, the 
reduced sample volume potentially bridges the gap between the scales of 
experiments and numerical simulations. 
 
Figure 2.6. Ni pillar (a) before and (b) after microcompression test [15, 193]. 
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The specimens for microcompression tests are micron-sized pillars with 
diameters ranging from 100 nm to 20 ȝm, which can be prepared by focused 
ion beam (FIB) milling [24, 25, 98, 108, 171, 180, 184, 194-196], 
photolithography techniques [25, 197], and selective etching of directionally 
solidified alloys [198, 199]. The FIB technique, in particular, provides great 
freedom to fabricate pillars at specific locations with accurate size control. 
Theoretically, micron/submicron-sized pillars can be fabricated out of almost 
any material by FIB.  
Two types of FIB milling procedures are commonly used to fabricate micro-
sized pillars: lathe milling [23, 98, 123] and annular milling [25, 180]. The 
lathe milling induces ion beam at an oblique angle to the sample surface and 
rotate the sample in small angular increments. It can produce pillars with a 
uniform cross section throughout the gauge length, but the long milling time 
limits its applications. The annular milling procedure is more suitable for a 
quick preparation of pillars smaller than 2 Ɋ, but the resultant pillars usually 
have small degrees of taper from the base to top (typically 2°-5°) [15]. The 
tapered shape leads to inhomogeneous deformations during microcompression 
tests. Commonly, the regions with smaller diameters yield before those with 
larger diameters [98, 186]. Thus, it introduces artefacts into the strain 
hardening behaviours and leads to errors in the measured flow curves. In 
general, large taper angles should be avoided to ensure the viability of 
microcompression tests, otherwise numerical simulations may be required to 
correct the errors [27]. 
One concern of FIB milled pillars is the surface damage caused by the 
bombardment of the ion beams. The thickness of the damaged layer depends 
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on the ion energy, ion dose, the incident angle, and the characteristics of milled 
materials [15, 200]. For perpendicular incident Ga+ ions with a kinetic energy 
of 30 keV, the thickness of the damaged layer is ~50 nm, and it reduces to ~15 
nm for grazing incident Ga+ ions with the same kinetic energy [200]. 
Nanoindentation tests showed that FIB-damaged layer increased the surface 
hardness of Mo-alloy single crystal, when the indentation depth is lower than 
100 nm [201]. It was noted that the damaged layers examined in the 
nanoindentation test was created by perpendicular milling, which was much 
thicker than those produced by grazing milling in pillar fabrication. A previous 
study on Au pillars demonstrated that the FIB-induced damage layer did not 
influence the size effect in Au pillars [25, 202]. Recently, an in-situ TEM 
microcompression test showed that the pre-existing dislocations (including the 
FIB induced damage) were depleted out of the surface upon loading and the 
sample became dislocation free after small strain, which is referred as 
mechanical annealing [106]. In conclusion, the surface damage has little 
influence on the strength of pillars, when the pillar diameter is relatively large 
or the mechanical annealing takes place.  
Compared to conventional compression tests, the main modification made in 
microcompression tests is that the pillars are integrally attached to the bulk 
base. The displacement in the bulk base is commonly estimated by assuming 
no plastic deformation occurs in the bulk base [15]. Nevertheless, the transition 
region from the pillar to bulk base is often not clearly defined, due to the 
uneven milling rates for different regions. In addition, the constraint from the 
bulk base produces a triaxial stress state in the transition region, which may 
cause unexpected deformations [15]. Therefore, the transition region 
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potentially introduces artefacts into microcompression tests, and a well-defined 
transition region is desirable. 
Another concern is regarding the boundary conditions at the top end of the 
pillars. The friction and alignment between the flat punch and the top surface 
of the pillar plays important roles in the plastic deformations and shape 
stability [203, 204]. Usually, no slip occurs between the pillar and flat punch 
due to the constraints imposed by friction [15]. Nevertheless, the aspect ratio of 
the pillar (length to diameter) is another important parameter that influences 
the shape stability [203-205]. It was demonstrated that the aspect ratio between 
2:1 and 3:1 leads to relatively stable plastic flows [204]. From both 
experiments and modelling, Liu et al. suggested that a microcompression test 
of a tapered pillar with an aspect ratio above 6:1 is not viable for identifying 
the deformation modes in metallic glasses [205]. 
In general, microcompression test is a valuable method to investigate the 
mechanical properties of materials at small scales, although some artefacts still 
need to be considered. With the development of analytical and numerical 
models, the effect of these artefacts can be minimized. 
2.2.4 Microcompression of metallic thin films and multilayers 
Since the specimen size is at a comparable scale as the thickness of thin films 
and multilayers, microcompression test becomes a suitable method for 
studying the mechanical properties of thin films and multilayers. A variety of 
deformation mechanisms in thin films and multilayers have been captured and 
studied with microcompression tests, such as the intrinsic and extrinsic size 
effects [9, 191], the strengthening of brittle/ductile multilayers [82, 97], and the 
effects of pre-straining and annealing on the flow stress [24].  
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Compared to the pillars milled out of bulk materials, pillars of thin films or 
multilayers have well defined lengths, which are often same as the total 
thicknesses of the thin films or multilayers. In addition, the substrate portions 
of the pillars usually deforms elastically only, because the substrates, such as 
Si and MgO, have much higher yield stresses than the metallic thin films and 
multilayers [24, 25]. The elastic displacements in the substrate portions can be 
estimated by the Hooke’s law and Sneddon’s relation [138]. Hence, the 
displacements in the thin films or multilayers can be accurately calculated by 
subtracting the elastic displacements in the substrate portions from the total 
displacements. From this point of view, the calculations of stress-strain curves 
for thin film and multilayer pillars are more accurate than those for pillars 
milled out of bulk materials [24]. 
As the aspect ratio is well defined, thin film pillars on hard substrates are 
suitable for studying the effects of aspect ratio and pre-straining [24]. Lee et al. 
demonstrated that pillars with an aspect ratio greater than 2:1 deformed in an 
unconstrained way, while those with aspect ratios much less than 2:1 was 
severely constrained by the substrate [24]. Thus, the aspect ratio of 2:1 was 
recommended to be used to study the size effects. Dehm et al. suggested that 
microcompression tests were suitable for studying the mechanical behaviour of 
soft films on hard substrates, but not for brittle and hard films, because of 
fracture and penetration into substrate [195]. They also suggested that the 
reproducibility increases if the sample sizes are much larger than the 
microstructural dimensions, i.e. grain size [195]. 
For metallic multilayers, the measured stress-strain curves are the effective 
responses of the layered structures as an integral. However, heterogeneous 
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deformations often occur in different layers during microcompression tests. 
The plastic deformation always initiates in the soft layer, and the following 
strengthening depends on the relative strengths of the constituent layers [81, 
190]. If one layer is much softer than other layers, it may experience a large 
amount of deformation while other layers are still in the elastic region. For 
example, during microcompression test of Al/SiC multilayers, the Al layers 
were squeezed out while the SiC layers showed little deformation [190]. For 
pillars of Cu/ZrCu multilayers, the soft Cu and hard ZrCu layers formed a 
barrel/column shape during microcompression [81].  
The interaction between the constituent layers depends on the dimensional 
constraints imposed by the layered structure in multilayers. One effective 
parameter to represent the dimensional constraint in multilayers is the layer 
aspect ratio (layer thickness/diameter) rather than the aspect ratio of the whole 
pillar, because the layer aspect ratio can be directly related to the dimensional 
constraints in each individual layer. Liu et al. [82] studied the mechanical 
responses of Cu/ZrCu pillars with different layer aspect ratios. The results 
suggested that multilayer pillars with low layer aspect ratios had mutual 
interaction in the soft Cu and hard ZrCu layers, leading to a combination of 
higher yield strength and ductility, while those with high layer aspect ratios 
exhibited localized plastic strains in the soft Cu layers.  
The thicknesses of constituent layers play an important role in a 
microcompression test, because it not only affects the layer aspect ratio, but 
also changes the dislocation space when it is comparable to the grain size. In 
literature, it is commonly observed that multilayer pillars with layer 
thicknesses under ~10 nm form shear bands after large deformations [9, 82, 98, 
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190-192, 194, 206-208], while those with larger layer thicknesses are more 
likely to deform homogeneously either in the soft layers or in the whole pillars 
[9, 81, 82, 191, 194, 207-209]. For example, Mara et al. [98] demonstrated that 
a pillar of 5 nm Cu/Nb multilayer failed by shear instability at a 25% 
compressive strain. Microcompression tests of ZrCu/Zr pillars showed that the 
shear banding in ZrCu layers can be blocked and absorbed only when the 
ductile Zr layer reached a critical thickness [82, 97]. However, the critical 
thickness to resist the shear band depends on the relative strengths of the 
constituent layers.  
In summary, microcompression tests can provide valuable insights into the 
mechanical behaviour of metallic thin films and multilayers. The stress-strain 
curves of materials at the micron/submicron scale can be extracted directly. 
However, several considerations have to be made to interpret the 
microcompression results accurately, such as the heterogeneous deformation in 
constituent layers, the effects of layer thickness and aspect ratio.  
2.3 Modelling mechanical behaviour of metallic thin 
films and multilayers 
As shown in the above sections, a great amount of effort has been taken to 
study the deformation and strengthening mechanism for metallic materials at 
the micron/submicron scale [33]. However, the mechanical testing methods at 
small scales usually have their own limitations and issues, e.g. tapered shapes 
of the pillars in microcompression tests, misalignment in microtensile tests, 
pile-up and sink-in in nanoindentation tests. If these issues are not handled 
properly, the data extracted from microcompression tests would be 
meaningless to the intrinsic mechanical properties of materials at the 
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micron/submicron scale. In many situations, numerical modelling and 
simulation are conducted to better interpret the experimental data and provide 
deeper insights into the mechanical behaviour of materials [35, 210]. 
As far as the mechanical behaviour of metallic materials are concerned, a 
variety of numerical methods have been developed based on their intrinsic 
length scales and assumptions, including finite element method (FEM), 
discrete-dislocation dynamics (DDD), molecular dynamics (MD), and 
multiscale modelling that couples two or more methods at different length 
scales [35-39, 210-212]. FEM is effective for studying metal plasticity at 
continuum levels, while MD and DDD are suitable for exploring atomic-scale 
deformation and dislocation mechanisms, as shown in Figure 2.7. At the 
atomic scale, molecular dynamics simulation can provide understandings on 
the fundamental deformation mechanisms of materials. However, its 
applications are often limited to length scale <100 nm and time scale in the 
order of nanosecond, due to the availability of the current generation of 
computing resources [210]. A thickness of a thin film of ~50 nm is a typical 
size that a normal MD simulation can cope with [212]. Discrete dislocation 
dynamics models are often regarded as a bridge between atomistic and 
continuum scales, which can simulate a large number of interacting 
dislocations by approximating the dislocation nucleation, structure of 
boundaries, and interaction laws in rule-based methods [210]. One challenge in 
discrete dislocation theory is to describe the interaction between the 
dislocations and high angle grain boundaries. 
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Figure 2.7. Illustrations of modelling methods at small scales [213, 214]. 
At continuum level, FEM has been commonly used to study the behaviours of 
polycrystalline and single crystal materials by applying conventional plasticity 
and crystal plasticity theories, respectively [38, 210]. With the implementation 
of strain gradient plasticity into FEM, the length scale can be introduced into 
the models via the notion of geometrically necessary dislocations (GNDs) [41, 
215-218]. For thin films and multilayers with a layer thickness between 100 
nm and 10 μm, the statistically dislocation-based continuum deformation 
mechanism dominates at this length scale [210]. Therefore, the conventional 
plasticity theory implemented with strain gradient plasticity is a promising way 
to provide valuable insights into the mechanical behaviour of metallic thin 
films and multilayers at the micron/submicron scale. 
2.3.1 Length scale in Finite Element Modelling 
Conventional plasticity theories are not able to capture size effects in materials 
at the micron/submicron scale, because it involves no intrinsic material length 
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scale. The development of strain gradient plasticity theories provides a 
pathway to take the length scale into account in the continuum scheme [40, 41, 
153, 216, 219-221]. 
For most crystalline materials, the plastic deformation and work-hardening are 
determined by dislocation generation, movement, and storage under straining. 
The dislocations can be stored by trapping each other in a random way, which 
are commonly referred as the statistically stored dislocations (SSDs). In 
addition, when non-uniform plastic deformations occur in different regions of a 
material, dislocations are stored to maintain the deformation compatibility, 
which are called the geometrically necessary dislocations (GNDs) [222-224]. 
The density of GNDs is directly related to the strain gradients with distance 
during deformation and the strain gradients are inversely proportional to the 
length scale of plastic deformation [216, 224]. GNDs associated with various 
deformation conditions are illustrated in Figure 2.8. At the macroscale, the 
plastic strain gradients are relatively small and the effects of GNDs can be 
neglected. At the microscale, the characteristic length scale of the deformation 
field become comparable to the material length scale, and the effects of plastic 
strain gradients begins to take place. The strain gradient plasticity theories are 
developed for applications to materials in the range from 100 nm to 10 Ɋ, 
where the effects of both SSDs and GNDs are important [41, 216].  
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Figure 2.8. Illustrations of GNDs in (a) plane strain bending, (b) micro-torsion, 
(c) 2-D axisymmetric void growth, and (d) 3-D spherical void growth [41]. 
Two frameworks of strain gradient plasticity theories have been developed 
with different orders of stresses involved: the higher-order continuum theories 
and the lower-order continuum theories. The higher-order continuum theories 
involve conjugate couple stresses and additional boundary conditions [40, 41, 
153, 216, 218, 220, 225-231]. In contrast, the lower-order strain gradient 
theories do not involve the higher-order stress and requires no additional 
boundary conditions [219, 232-236]. 
Based on the Taylor dislocation model, a mechanism-based strain gradient 
(MSG) plasticity was developed to link the intrinsic material length as 
݈ ൌ ሺߤȀߪ௬ሻଶܾ, where ߤ is the shear modulus, ߪ௬ is the yield stress, and ܾ the 
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Burgers vector [41, 148]. The MSG plasticity was successfully applied to 
different experiments that had strong strain gradients, such as micro-bending 
[237, 238], micro-torsion [153], and micro-indentation [147, 166, 239-241]. 
The prediction of MSG plasticity agreed well with hardness data for an 
indentation depth as small as 150 nm [240]. The theory of MSG plasticity was 
expected to be applicable at the submicron scale, as long as the scale is larger 
than the average dislocation spacing. 
For their implementation in FE models, the higher-order theories are more 
complex due to the involvement of the higher-order stress and additional 
boundary conditions. In addition, the higher-order stress was demonstrated to 
be significant only within a thin layer (~10 nm) near the boundary, and it has 
little or essentially no effect for materials in the micron scale [240, 242, 243]. 
By neglecting the higher-order stress, Huang et al. [219] established a lower-
order theory based on the Taylor dislocation model, which is noted as a 
conventional theory of mechanism-based strain gradient plasticity (CMSG). 
CMSG plasticity theory greatly simplifies the implementation in FE models, 
because the governing equations are essentially the same as conventional 
plasticity theories, due to the absence of higher-order stress and additional 
boundary conditions. Many non-homogeneous deformations at the micron 
scale have been studied with CMSG plasticity, such as fracture behaviour 
[244], nanoindentation [245, 246], particle size effects in composites [247, 
248], and twin lamella strengthening [249]. 
In summary, the strain gradient plasticity provides a mean to include the length 
scale in the continuum theories. FE modelling implemented with strain 
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gradient plasticity is a promising method to study the size effects in thin films 
and multilayers at the micron/submicron scale.  
2.3.2 Finite Element Modelling of Nanoindentation 
Finite element models have been widely employed to study the mechanical 
response in nanoindentation test for various materials, such as homogeneous 
isotropic materials [145, 147, 159, 250-253], single crystals [254-257], porous 
materials [258], and films and multilayers [156, 162, 241, 242, 259]. In FE 
models, it can not only extract the load-displacement curves, but also measure 
the contact area directly by surveying the contact pressure on the surface. The 
stress and strain fields simulated in the FE models provide valuable 
information on the deformations in the indentation regions. Another advantage 
of FE modelling is that the effects of experimental parameters on the 
measurement of hardness and stiffness can be systematically studied by 
numerically changing these parameters. In addition, FE-based inverse analysis 
can be applied to probe the yield stress and work-hardening rate based on the 
experimental measurement of hardness and stiffness [252], though the 
determined values may not be unique [260]. 
In most previous FE models, the indenter has been commonly modelled as a 
2D equivalent cone with an apex angle of 70.3 ࡈ, which gives the same 
relationship between the projected contact area and the indentation depth as a 
Berkovich indenter. However, the two-dimensional axisymmetric models 
cannot reproduce the non-uniform plastic flow caused by the geometric 
features of the Berkovich indenter. From both experimental and numerical 
results, it was evident that the materials pile up the least on the edges and the 
most at the mid-plane of the facets of the indenter [147, 250, 251, 261]. 
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Consequently, when pile-up or sink-in occurs, the relationship between the 
projected contact area and the indentation depth is no longer equivalent to that 
of a 70.3 ࡈ cone. Moreover, the plastic flow under a Berkovich indenter is 
apparently non-axisymmetric, which will also affect the magnitude of pile-up 
or sink-in. It has been also pointed out that the Berkovich indenter is not 
equivalent to the 70.3 ࡈ conical indenter in terms of the curvature of the loading 
curve [262]. Therefore, 3D modelling of the Berkovich indenter is often 
necessary to handle its 3D geometric features.  
Moreover, one persisting challenge for the nanoindentation test is to extract the 
stress-strain curves based on the load-displacement curves [260, 263-269]. In 
the early stages, FE models were used to determine the intrinsic properties of 
the thin films by fitting the elastic-plastic properties to the experimental load-
displacement curves using an iteration method [270, 271]. More recently, the 
inverse modelling technique was developed to systematically extract the yield 
stress and work-hardening rate, in which a set of dimensionless functions are 
constructed to correlate the indentation data to elasto-plastic properties [252]. 
The critical step in the inverse method is to identify the representative plastic 
strain induced by the indenter. However, no agreed definition has been made 
for the representative plastic strain. Most previous studies assumed that the 
representative strain was a universal value for all materials [139, 252, 272, 
273], but other studies suggested that a material-dependent representative 
strain is more physically meaningful [274-276]. The solving of this controversy 
requires further understanding of the plastic deformation in the indentation 
region, and the FE model is expected to play an important role.  
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The pile-up and sink-in phenomena have also been extensively studied by FE 
modelling [29, 145, 146, 253, 277]. Figure 2.9 shows an example of pile-up 
and sink-in phenomena simulated with three-dimensional (3D) FE models [28]. 
Within the FE models, the contact depth and contact area can be directly 
determined, and the pile-up and sink-in can be correlated to the ratio of yield 
stress to elastic modulus ߪ௬Ȁܧ and work-hardening rate ݊ [29, 253, 277]. It is 
also possible to separate plastic pile-up or sink-in from the elastic deflection in 
the pile-up or sink-in phenomenon [277]. In thin films and multilayers, the 
pile-up or sink-in can be either exaggerated or relieved compared to 
homogeneous bulk materials, due to the dimensional constraints excerted by 
the substrate or neighbouring layers. FE modelling can potentially be applied 
to investigate the effects of dimensional constraints on the pile-up and sink-in 
phenomena in thin films and multilayers. 
Furthermore, with the development of strain gradient plasticities, the length 
scales in nanoindentation tests can also be considered [240]. Due to the nature 
of the nanoindentation test, a strong strain gradient usually appears in the 
indentation region. Using strain gradient plasticity implemented in FE models, 
a high density of GNDs was predicted in the indentation region and its effects 
on the work-hardening behaviour of the material were also investigated [241, 
246]. In thin films and multilayers, the strain gradient can be greatly affected 
by the dimensional constraints. Implemented with the CMSG plasticity, FE 
models predicted that a strong strain gradient was created during the 
indentation of a soft film on a hard substrate [242], while the strain gradient 
became less significant in the indentation of a hard film on a soft substrate 
[241].  
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Figure 2.9. Three-dimensional (3D) FE analysis of pile-up and sink-in in 
Berkovich nanoindentation [28]. 
Due to the non-uniform plastic flow in a Berkovich indentation, the strain 
gradient apparently differs in the regions under edges and facets. Several 
important questions concerning the Berkovich indentation of thin films and 
multilayers need to be answered: (i) how does the strain gradient vary from the 
edge to the facet; (ii) how does the layered structure affect the strain gradient in 
thin films and multilayers; (iii) how does the existence of GNDs affect the 
corresponding load-displacement curves. However, to the best knowledge of 
the author, no work has been reported to provide fundamental understanding 
on the strain gradients in Berkovich indentation of thin films and multilayers.  
2.3.3 Finite element modelling of microcompression 
Finite element modelling is also a valuable tool to study the mechanical 
behaviour of materials in microcompression tests. For example, Zhang et al. 
studied the factors that affect the accuracy of microcompression tests, such as 
the pillar aspect ratio, taper angle, fillet radius, and misalignment [27]. By 
using an isotropic elasto-plastic constitutive law in FE models, they concluded 
a guideline for the design of microcompression tests to obtain results with 
reasonable accuracy. Using crystal plasticity finite element models, Rabbe et 
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al. investigated the effects of initial orientation, aspect ratio, and friction on 
geometrical stability and orientation evolution in microcompression of Cu 
single crystals [204]. Apart from the effects of taper angle, friction coefficient, 
and misalignment, Schwaiger et al. also simulated the behaviour of pillars for 
materials with a small strain hardening rate or for strain softening materials 
[278]. Han et al. adopted an anisotropic FE model to interpret the deformation 
mechanism, anisotropic stiffness, and local stress/strain distributions in 
ganoine under microcompression [279]. 
In general, FE studies suggest that the measured load–displacement curves are 
influenced by a complex combination of factors, including intrinsic material 
properties, pillar shapes, friction and misalignment between pillar and flat 
punch [27, 204]. Unfortunately, the imperfection in pillar geometry and 
compression setup is unavoidable in microcompression tests. A combination of 
experiment and numerical simulation is promising to provide better 
understanding of mechanical behaviour of micro-sized pillars. First of all, the 
viability of experimental designs can be informed by finite element modelling. 
With FE models, Wu et al. investigated the non-uniform stress distribution in a 
severely tapered and rounded pillar, and concluded that the geometry 
constraints in such pillars improved the ductility compared with conventional 
standardized compression experiments [188]. Kiener et al. modelled the 
geometry of a FIB fabricated specimen, and the strain localization was 
simulated to explain the different deformation behaviours between rectangular 
Cu(100) and Cu(111) compression samples [280]. From both experiments and 
modelling, Liu et al. suggested the microcompression test of tapered pillar with 
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an aspect ratio above 6:1 is not viable for identifying the deformation mode in 
metallic glasses [205]. 
From both experimental and modelling studies, the plastic deformations 
commonly concentrated in the top region of the tapered pillars [190, 205, 278, 
279]. At the micron/submicron scale, such strain gradients can potentially 
influence the work-hardening behaviour because of the accumulation of GNDs. 
For multilayer pillars, the strain gradients are often exaggerated due to the 
dimensional constraints in the layered structure. Unfortunately, the size effects 
caused by strain gradients were mistakenly ignored in previous FE modelling 
works. Therefore, FE models that take strain gradient into account are urgently 
demanded to provide insight into size-dependent behaviour of pillars during 
microcompression tests, especially for thin films and multilayers.  
2.4 Summary 
From the above discussions, it is clear that metallic thin films and multilayers 
have both technical and theoretical importance in many fields. The mechanical 
properties of thin films and multilayers are important to their applications in 
both loadbearing and non-loadbearing situations. As the characteristic length of 
thin films and multilayers are at the micron/submicron scale, the intrinsic and 
extrinsic size effects play important roles in their mechanical behaviours. 
Microcompression and nanoindentation tests provide great opportunities to 
investigate their mechanical behaviours at the micron/submicron scale. 
However, substantial work is required to understand the mechanical behaviour 
of metallic thin films and multilayers at the micron/submicron scale. 
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First of all, the intrinsic mechanical properties of metallic thin films and 
multilayers are barely characterised, due to the difficulties in mechanical 
testing at small scales. This greatly limits the selection and design of metallic 
thin films and multilayers for various applications. Moreover, the fracture and 
failure behaviours of metallic thin films and multilayers at the 
micron/submicron scale are far from well-understood. 
Although the microcompression test has been developed to characterise 
mechanical behaviour under uniaxial deformation conditions, a detailed 
understanding on the deformations inside the pillars is lacking. How the 
experimental parameters affect the mechanical behaviour of micro-sized pillars 
is still under rigorous investigation. This knowledge is essential for an accurate 
determination of mechanical properties at the micron/submicron scale. 
The previous studies have demonstrated that the size effect is a complex 
phenomenon that involves both intrinsic and extrinsic dimensions. However, 
the underlying parameters that contribute to the size effects are not completely 
understood. Whether the extrinsic size effect is caused by the change in 
deformation mechanism, or dimensional constraints, or simply an experimental 
artefact, is still ambiguous.  
For a metallic multilayer, the dimensional constraint in the layered structure is 
another not well-understood factor that influences the mechanical behaviour. 
How the sample dimensions and mechanical properties of constituent layers 
influence the effectiveness of dimensional constraints is not clear in the 
literature. Understanding the dimensional constraints in metallic multilayers 
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will play an important role in understanding their overall mechanical 
behaviours. 
Nanoindentation tests have been proven valuable for characterizing mechanical 
behaviours of materials under confined deformation conditions. However, the 
complexity in deformations involved in the indentation region places a barrier 
for obtaining a meaningful measurement. The pile-up and sink-in phenomena 
are the persisting challenges in the nanoindentation tests. How the pile-up or 
sink-in affected the hardness measurement and what factors contribute to the 
pile-up or sink-in are due to be systematically investigated.  
Furthermore, the indentation size effect influences the hardness measurement 
at the micron/submicron scale, which is attributed to the accumulation of 
GNDs. The main concerns regarding the indentation size effect include: (i) 
how the GNDs accumulate under a Berkovich indenter; (ii) how significantly 
the GNDs affect the hardness measurement; and (iii) how the dimensional 
constraints in the multilayers alter the distribution of GNDs.  
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3 Methodology 
 
In this thesis, both experiments and numerical modelling were employed to 
investigate the mechanical behaviour of thin films and multilayers. In the 
experimental studies, Cu-Fe thin films and multilayers were fabricated by 
direct current (DC) magnetron sputtering, including monolithic Cu and Fe thin 
films and Cu/Fe and Fe/Cu multilayers. The phases, morphology, and 
microstructure were characterised by X-ray diffraction (XRD), scanning 
electron microscopy (SEM), and transmission electron microscopy (TEM), 
respectively. Then, microscale mechanical testings, such as microcompression 
and nanoindentation, were performed to characterise the mechanical properties 
of Cu-Fe thin films and multilayers. In the numerical modelling, finite element 
models were developed to simulate the microcompression and nanoindentation 
tests, to provide deeper understanding of the experimental observations. 
This chapter firstly presents the details of film fabrication and characterisation, 
including the results on phase, morphology, and microstructure of the Cu-Fe 
thin films and multilayers. Then, the experimental and modelling details of the 
microcompression and nanoindentation tests are described, but the results of 
these tests will be presented in the following chapters. 
3.1 Fabrication of Cu-Fe thin film and multilayers 
A multi-target DC magnetron sputtering setup was used to deposit Cu-Fe thin 
films and multilayers and its schematic is shown in Figure 3.1. High purity Fe 
(99.99%) and Cu (99.99%) targets were mounted on the sidewalls of the 
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chamber, and separated by a rotatable shield. The substrate was attached to the 
centre of the shield facing outwards. By rotating the shield, the substrate was 
controlled to face towards one target and away from the other. The Cu/Fe and 
Fe/Cu multilayers were deposited by alternately rotating the shield and 
dwelling for a specific period, while monolithic Cu and Fe thin films were 
deposited without rotation. The thickness of the thin films and multilayers 
were controlled by the dwell time. 
 
Figure 3.1. Setup of the multi-target DC magnetron sputtering system. 
The thin films and multilayers were deposited on naturally oxidized Si(100) 
substrates at room temperature. The base pressure in the chamber was pumped 
down to ͳǤͷൈͳͲǦ͸ Torr. Then, argon gas (Ar) was introduced as the sputtering 
gas, and its pressure was kept at ͹Ǥͷ ൈ ͳͲିଷ Torr by adjusting the flow rate. 
The power input was modulated at 50 W. The deposition rates of Cu and Fe 
were 1.59 nm/s and 0.62 nm/s, respectively. Before depositing Cu-Fe thin 
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films and multilayers, the targets were pre-sputtered for two minutes to remove 
the surface oxidation and any contamination. 
The layer structures of the Cu-Fe thin films and multilayers are shown in 
Figure 3.2. Note that a thin Fe layer (~10 nm) was laid as a buffer layer before 
depositing the Cu layer, to improve the adhesion of the film to the substrate. 
The total thickness of each thin film and multilayer was ~2.0 μm, while the 
thickness of each individual layer in the multilayers was ~200 nm. The main 
difference between Cu/Fe and Fe/Cu multilayers is the layer sequence; the 
Cu/Fe multilayer finished with a Cu layer on top, while the Fe/Cu multilayer 
had an Fe layer on top. 
 
Figure 3.2. Schematics of monolithic Cu and Fe thin films and Cu/Fe and 
Fe/Cu multilayers. 
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3.2 Characterisation of thin film and multilayers 
Before conducting mechanical testings, the phase composition, morphology, 
and microstructure of the Cu-Fe thin films and multilayers were characterised 
by XRD, SEM and TEM, respectively.  
3.2.1 Phases characterisation  
The phases of the Cu-Fe thin films and multilayers were characterised by XRD 
using PANalytical X’Pert Pro. Glancing Angle X-Ray Diffraction (GAXRD), 
as shown in Figure 3.3, was employed to reduce the influence of the Si 
substrate to the diffraction pattern.  The X-rays generated by a Cu source (40 
kV and 30 mA) were directed toward the sample at an incidence angle, ߙ ൌ ͵ι. 
The diffraction patterns were recorded by detector-only scanning, which 
covered the range of diffraction angles ʹɅ from 35ι to 90ι with a 0.02 step 
size. As the incident angle of the X-ray was small, the penetration depth of X-
ray was well reduced and, thus, the contribution from the substrate to the 
diffraction pattern was minimized.  
 
Figure 3.3. Configuration of Glancing Angle X-Ray Diffraction (GAXRD). 
The diffraction patterns of the monolithic Cu and Fe thin films and Cu/Fe and 
Fe/Cu multilayers are shown in Figure 3.4. The monolithic Cu and Fe thin 
films are composed of FCC-Cu and BCC-Fe, respectively, while the Cu/Fe and 
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Fe/Cu multilayers contain both of these two phases. No intermetallic or alloy 
phases were observed to exist in the multilayers, which is consistent with Cu 
and Fe having no mutual solubility up to 600 ι [281, 282]. The Si peaks 
indicate the penetration depth is slightly deeper than the film thickness. 
However, the signal from the Si substrate was suppressed by the GAXRD 
technique. 
 
Figure 3.4. X-ray diffraction patterns of the Cu-Fe thin films and multilayers. 
3.2.2 Thickness and morphology characterisation 
The thicknesses and morphology of the Cu-Fe thin films and multilayers were 
examined by SEM (Supra 55 VP). The electron beam was operated at 20 kV 
and the angular-selective backscattered signal was used to improve the contrast 
between the Cu and Fe layers. The cross-sectional views of the Cu-Fe thin 
films and multilayers are shown in Figure 3.5. The total thickness of the Cu-Fe 
Chapter 3. Methodology 
-59- 
thin films and multilayers ranged from 2.0 ȝm to 2.14 ȝm. The cross-sectional 
morphology shows that the Fe thin film and layers have stronger columnar 
grain structure than the Cu thin film and layers. It is noted that fine pores exist 
in the Cu layers, especially for those close to the substrate. In contrast, the Fe 
thin film and layers are dense. However, the rough cross-sectional surfaces 
induce topological contrast in the SEM images, which reduces the accuracy of 
thickness measurement. Hence, TEM studies were carried out to further 
characterise the layer thickness and microstructures in the multilayers. 
 
Figure 3.5. SEM images of the cross-sections of the Cu-Fe thin films and 
multilayers. 
3.2.3 Microstructure characterisation 
The microstructures of the Cu-Fe thin films and multilayers were characterised 
by TEM. The TEM samples were prepared by in-situ lift-out technique using a 
FIB-enabled dual beam SEM (FEI Quanta 3D), as shown in Figure 3.6. The 
lift-out procedure was composed of multiple steps of FIB milling, Pt 
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deposition, and sample transferring. A gallium ion beam (Ga+) operated at 30 
kV was used to mill samples and deposit protective Pt layers. The following 
section briefly describes the procedure for TEM sample preparation, as well as 
the results of characterised microstructure. 
The first step was to create a thin slab that contains the thin film of interest. 
Before milling out the slab, a Pt layer of 2 ȝm thick was deposited to protect 
the surface from ion-induced damage. Then, a slab of 1.5 ȝm thick was milled 
and partially cut out with beam current ranging from 7.0 nA to 1.0 nA, as 
shown in Figure 3.6a. This process was totally automated with the program 
AutoTEM supplied by FEI company. Note that fiducial marks were also milled 
to assist the image recognition during the automated milling procedure. 
The second step was to transfer the thin slab to a specially-designed sample 
holder with an in-situ manipulator (Kleindiek). A needle attached to the 
manipulator was positioned at the coincident point of the ion and electron 
beams in priori. Then, the slab was moved to contact with the needle tip, and a 
Pt layer of 500 nm thick was deposited to weld the thin slab to the needle tip. 
The remaining connection between the thin slab and parent thin film was cut 
off to release the thin slab. Next, the sample holder was moved into place to 
contact the hanging thin slab. To finish off the transferring, another cycle of 
welding and cutting was carried out to attach the slab on to the sample holder 
and release it from the needle tip, as shown in Figure 3.6b.  
The final step was to polish the slab into a thin foil that is penetrable by 200 
keV electron beams (usually, thickness < 100 nm), as shown in Figure 3.6c. 
Firstly, the slab was thinned to 300 nm thick with a beam current of 1.0 nA, 
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followed by another thinning down to 100 nm with a beam current of 100 pA. 
To reduce the Ga implantation and amorphous layers, a low energy Ga+ beam 
operated at 5 kV and 48 pA was used to polish both sides of the foil. Note that, 
during thinning and polishing, the tilt angle of the sample was offset by a small 
amount to compensate for the tailing effect of the ion beams, i.e. േ1.5ι for 
thinning and േ5ι for final 5 kV polishing. Figure 3.6d shows the scale of a 
TEM foil on the sample holder. 
 
Figure 3.6. TEM sample preparation procedure: (a) initial slab milled out by 
FIB, (b) transferring sample to the holder with the manipulator, (c) final 
thinned TEM foil, and (d) an overview of the TEM foil on the holder. 
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The microstructures of the Cu-Fe thin films and multilayers were characterised 
using a JOEL 2100F transmission electron microscope operated at 200 kV. 
Figure 3.7 shows the layered structure of the Cu/Fe multilayer and 
microstructures in individual Cu and Fe layers. The thickness of the Cu and Fe 
layers are in the range from ~200 nm to ~215 nm. The interfaces between the 
Fe and Cu layers are relatively sharp and straight, which verifies the mutual 
insolubility between Cu and Fe phases at low temperatures. The Cu layers 
have equiaxed grains of size ~50 nm and the Fe layers consist of grains of size 
~15 nm, which are shown in Figure 3.7b and Figure 3.7c, respectively.  
 
Figure 3.7 (a) Bright field TEM images of Cu/Fe multilayer with diffraction 
patterns on the right side insets. (b) and (c) are the bright field TEM images of 
Cu and Fe layers at higher magnifications, respectively.  
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3.3 Microcompression test 
Microcompression is a miniaturized version of a conventional uniaxial 
compression test, in which a micron-size pillar is compressed by a flat punch 
and the stress-strain curve can be measured. We performed microcompression 
tests on the Cu/Fe thin films and multilayers to investigate their mechanical 
behaviours under uniaxial deformation conditions at the micron/submicron 
scale. The following sections describe the pillar preparation by the FIB 
technique and compression test using a flat punch in a nanoindentation 
machine.  
3.3.1 Pillar preparation by FIB 
Prior to the microcompression test, micron-sized pillars were fabricated by FIB 
milling in a dual beam SEM (FEI Quanta 3D). To ensure the success rate and 
accuracy, the pillar used in a microcompression test should meet the following 
several requirements. Firstly, the clearance space around the pillar should be 
sufficient so that the flat punch only contacts with the pillar during 
compression testing. Secondly, the dimensions of the pillar should be fully 
revealed in SEM images to measure the initial length and cross-sectional area. 
Thirdly, the surface damage induced by the ion beam should be minimal. 
A three-step milling procedure was adopted to prepare the pillars, which 
balances the FIB-induced surface damage and milling time. The schematic of 
the three-step milling procedure is shown in Figure 3.8. During the whole 
milling process, the accelerating voltage of the Ga+ ion beam was kept 
constantly at 30 kV, but the beam current was reduced from 5 nA for rough 
milling down to 50 pA for final polishing. In the first step, a ring-shaped crater 
with inner and outer diameter of 5 ȝm and 15 ȝm, respectively, was milled out 
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with the 5 nA beam current, leaving a pre-milled pillar standing in the centre. 
The depth of the crater was more than 1.5 ȝm to ensure sufficient clearance for 
the following microcompression test. In the second step, the diameter of the 
pre-milled pillar was reduced down to 2 ȝm in diameter at a 0.3 nA beam 
current. In the third step, the pillar was further down-sized to 1 ȝm in diameter 
with the 50 pA beam current. The length of the pillar was controlled to be less 
than 4 ȝm to ensure the visibility of the connection portion. (Refer to 
Appendix A for pillar milling procedures.) 
 
Figure 3.8. Schematic of FIB milling of pillars for microcompression test. 
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After FIB milling, the pillars tilted at 52° were imaged with scanning electron 
beam operated at 5 kV. The diameters, lengths, and taper angles of the pillars 
were measured according to the SEM images, which were used in following 
stress-strain curve extraction.  
3.3.2  Compression by a flat punch 
Microcompression tests were carried out with a diamond flat punch in a 
nanoindentation machine (UMIS/CSIRO), as illustrated in Figure 3.9. The 
position of the pillar and flat punch were carefully aligned with the aid of an 
optical microscope. To achieve thermal equilibration, the pillar and flat punch 
were kept in contact at a small force (0.05 mN) until no thermal drift was 
observable in the displacement-time curve. During microcompression, the flat 
punch was driven down in a force-controlled mode to compress the pillar. The 
loading force was increased linearly up to a specified value, then, decreased to 
zero to unload and retract the flat punch. The displacement rate of the flat 
punch was estimated at ~1.0 nm/s, and the corresponding strain rate was 
~ͷ ൈ ͳͲିସݏିଵ. The load-displacement curves were recorded during loading 
and unloading. The deformed shapes of the pillars were imaged by SEM after 
compression. 
To investigate the mechanical behaviour of the Cu-Fe thin films and 
multilayers at different strain levels, a set of pillars were tested in multiple 
cycles of loading and unloading. In the first loading cycle, the pillar was 
deformed to a medium strain level ሺ൏ ͳͲΨሻ. Then, the pillars were unloaded 
and transferred to the SEM to view their deformed shapes. After obtaining the 
deformed shapes at medium strain levels, the pillars were reloaded in 
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microcompression tests up to higher strains, or until failure. Similarly, the final 
shapes of the pillars were also imaged by SEM.  
 
Figure 3.9. Illustration of microcompression test. 
3.4 Nanoindentation test 
The nanoindentation tests were performed on the Cu-Fe thin films and 
multilayers to measure their hardness and, more importantly, the dependence 
of hardness on the indentation depth at micron/submicron scale. For each film, 
a 5ൈ5 grid of indentations were made with a Berkovich tip in a 
nanoindentation machine (UMIS/CSIRO). The tests were performed in a force-
controlled mode, and the maximum indentation depth was controlled to be 
~200 nm by adjusting the maximum loading force. The initial contact between 
the tip and sample was determined at 0.05 mN loading force. To measure the 
hardness at different indentation depths, twenty consecutive loading and 
unloading cycles with increasing maximum loading force were carried out for 
each indentation site on the grid. Each unloading was ended at 10% of the 
maximum loading force. 
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The load-displacement curves were recorded during both loading and 
unloading. The contact stiffness was extracted from the initial portion of the 
unloading curve. The projected contact area was determined according to the 
area profile function of the Berkovich indenter, which was calibrated with the 
standard fused silica. The hardness and elastic modulus were determined by 
the Olive-Pharr method [17]. In addition, typical indentation impressions were 
characterised by atomic force microscopy (AFM, DME DualScope 45-40). 
3.5 Finite element modelling 
To better understand the experimental results, 3D finite element models 
implemented with strain gradient plasticity were developed to simulate both 
microcompression and nanoindentation tests of thin films and multilayers. The 
following sections present a conventional theory of strain gradient plasticity, 
followed by the detailed setup of the microcompression and nanoindentation 
FE models. 
3.5.1 A conventional theory of strain gradient plasticity 
The size effects play a significant role in both microcompression and 
nanoindentation tests, because the characteristic length scale of deformation is 
at the micron/submicron scale. Based on the Taylor dislocation model, Huang 
et al. established a conventional theory of mechanism-based strain-gradient 
plasticity (CMSG) [219]. The CMSG plasticity accounts for the plastic strain 
gradient through the material constitutive relation without involving the 
higher-order stress or additional boundary conditions. Thus, it preserves the 
framework of the conventional plasticity theories, yet takes into account the 
effects of plastic strain gradient. 
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According to the Taylor dislocation model [283-285], the shear flow stress ߬ 
can be related to the total dislocation density ߩ as 
 ߬ ൌ ߙߤܾඥߩ ൌ ߙߤܾඥߩௌ ൅ ߩܩ (3.1) 
where  ܾ is the magnitude of Burgers vector, ߤ is the shear modulus, and ߙ is 
an empirical coefficient (normally, between 0.3 and 0.5 [286]). The dislocation 
density ߩ includes the density of statistically stored dislocations ߩௌ and 
geometrically necessary dislocations ߩீ. The statistically stored dislocations 
(SSDs) accumulate by trapping each other in a random way, while the 
geometrically necessary dislocations (GNDs) are required to accommodate the 
deformation gradients [222, 224]. The density of geometrically necessary 
dislocations ߩீ is related to the effective plastic strain gradient ߟ௣ by  
 ߩீ ൌ
ݎҧߟ௣
ܾ  (3.2) 
Where ݎҧ is the Nye-factor adopted by Arsenlis and Parks [221, 222], which is 
around 1.90 for face-centred-cubic (FCC) metals. 
The tensile flow stress ɐ୤୪୭୵ is related to the shear flow stress ߬ by  
 ߪ୤୪୭୵ ൌ ܯ߬ ൌ ܯߙߤܾඨߩௌ ൅
ݎҧߟ௣
ܾ  (3.3) 
where ܯ is the Taylor factor for isotropic material, and ܯ ൌ ͵ǤͲ͸ for FCC 
metals and BCC metals that slip on ሺͳͳͳሻ and ሺͳͳͲሻ planes, respectively [287, 
288]. In a uniaxial tension condition, the geometrically necessary dislocations 
vanish due to the absence of a strain gradient, ߟ௣ ൌ Ͳ, and for a power-law 
hardening material, the flow stress can be expressed as 
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 ߪ ൌ ߪݕ݂ሺߝ݌ሻ ൌ ߪݕ ቆͳ ൅ ܧߝ
݌
ߪ௬ ቇ
௡
 (3.4) 
where ߪ௬ is the initial yield stress and ݂ሺߝ௣ሻ is a function of plastic strain ߝ௣. 
Comparing Equation (3.3) and (3.4), the density of statistically stored 
dislocation ߩௌ is determined as 
 ߩୗ ൌ ቈ
ߪ௬݂ሺߝ௣ሻ
ܯߙߤܾ ቉
ଶ
 (3.5) 
Substituting Equation (3.5) back into (3.3) gives the flow stress for the non-
uniform plastic deformation, which includes both the effects of SSDs and 
GNDs, expressed as 
 ߪ୤୪୭୵ ൌ ߪ௬ඥሾ݂ሺߝ௣ሻሿଶ ൅ ܮߟ௣ (3.6) 
in which, ݈ is the intrinsic material length parameter, defined as, 
 ܮ ൌ ܯଶݎҧߙଶ ቆ ߤߪ௬ቇ
ଶ
ܾ ൎ ͳͺߙଶ ቆ ߤߪ௬ቇ
ଶ
ܾ (3.7) 
The intrinsic material length parameter ܮ is a natural combination of elasticity 
ߤ, plasticity ߪ௬, and atomic characteristic of solids ܾ. For typical metallic 
materials, the Burgers vector ܾ is on the order of one angstrom, ߤȀߪ௬ is on the 
order of ͳͲଶ, and ߙ is between 0.3 and 0.5, hence, the intrinsic length ݈ is on 
the order of microns [219]. 
Huang et al. [219] also pointed out that (i) when the characteristic length of 
plastic deformation is much larger than the intrinsic material length parameter 
ܮ, the strain gradient term ܮߟ௣ becomes negligible, then the flow stress follows 
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the conventional plasticity as ߪ୤୪୭୵ ൌ ߪ௬݂ሺߝ௣ሻ; (ii) The flow stress is only 
applicable at a length scale much larger than the average dislocation spacing 
ܮௗ (e.g., ͵̱Ͷܮௗ). The above flow stress holds at a length scale above 100 nm 
for a typical dislocation density of ͳͲଵହ݉ିଶ which has the average dislocation 
spacing around 30 nm. (iii) The flow stress is actually independent of the 
initial yield stress ߪ௬, since both ߪ௬݂ሺߝ௣ሻ and ߪ௬ଶ݈ߟ௣ are independent of ߪ௬. 
In conventional plasticity theories, the strain rate ߝሶ௜௝can be decomposed into 
the elastic ߝሶ௜௝௘  and plastic components ߝሶ௜௝௣ . The elastic strain rate ߝሶ௜௝௘  is obtained 
from the stress rate ߪሶ௜௝ via the linear elastic relation, 
 ߝሶ௜௝௘ ൌ
ͳ
ʹߤ ߪሶ௜௝
ᇱ ൅ ߪሶ௞௞ͻܭ ߜ௜௝ (3.8) 
where ߤ and ܭ are the shear and bulk moduli, respectively, while ߪሶ௜௝ᇱ ൌ ߪሶ௜௝ െ
ଵ
ଷ ߪሶ௞௞ߜ௜௝ is the deviatoric stress rate. The plastic strain rate ߝሶ௜௝
௣  is related to the 
deviatoric stress ߪ௜௝ᇱ  by 
 ߝሶ௜௝௣ ൌ
͵ߝሶ௣
ʹߪ௘ ߪ௜௝
ᇱ  (3.9) 
where ߝሶ௣ ൌ ටଷଶ ߝሶ௜௝
௣ ߝሶ௜௝௣  is the equivalent plastic strain rate, ߪ௘ ൌ ටଷଶ ߪ௜௝ᇱ ߪ௜௝ᇱ  is the 
effective stress, and ߪ௜௝ᇱ ൌ ߪ௜௝ െ ଵଷ ߪ௞௞ߜ௜௝ is the deviatoric stress. Following the 
power-law visco-plastic model [41, 219, 289-292], the plastic strain rate ߝሶ௣ is 
given in terms of the effective stress ߪ௘ as 
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 ߝሶ௣ ൌ ߝሶ ൥ ߪ௘ߪ௬ඥሾ݂ሺߝ௣ሻሿଶ ൅ ܮߟ௣
൩
௠
 (3.10) 
where ݉ is the strain rate-sensitivity exponent, ߝሶ ൌ ටଷଶ ߝሶ௜௝ᇱ ߝሶ௜௝ᇱ  is the effective 
strain rate, and ߝሶ௜௝ᇱ ൌ ߝሶ௜௝ െ ଵଷ ߝሶ௞௞ߜ௜௝ is the deviatoric strain rate. For a high rate 
sensitivity exponent (e.g. ݉ ൒ ʹͲ), the rate dependence is negligible.   
Combining Equation (3.8)-(3.10), the constitutive relation in CMSG that gives 
the stress rate ߪሶ௜௝ in terms of the strain-rate ߝሶ௜௝ is derived as 
 ߪሶ௜௝ ൌ ܭߝሶ௞௞ߜ௜௝ ൅ ʹߤ ൝ߝሶ௜௝ᇱ െ
͵ߝሶ
ʹߪ௘ ൥
ߪ௘
ߪ௬ඥሾ݂ሺߝ௣ሻሿଶ ൅ ܮߟ௣
൩
௠
ߪ௜௝ᇱ ൡ (3.11) 
where, ܭ is the bulk modulus of elasticity, ߪ௜௝ᇱ ൌ ߪ௜௝ െ ଵଷ ߪ௞௞ߜ௜௝ is the 
deviatoric shear stress and ߪ௘ ൌ ටଷଶ ߪ௜௝ᇱ ߪ௜௝ᇱ  is the von Mises effective stress.  
The effective plastic strain gradient ߟ௣ is defined in the same way as that in the 
higher-order MSG theory [41] and is given by  
 ߟ௣ ൌ ඨͳͶߟ௜௝௞
௣ ߟ௜௝௞௣  (3.12) 
where,  
 ߟ௜௝௞௣ ൌ ߝ௜௞ǡ௝௣ ൅ ߝ௝௞ǡ௜௣ െ ߝ௜௝ǡ௞௣  (3.13) 
and ߝ௜௝௣ ൌ ׬ ߝሶ௜௝௣݀ݐ. 
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The CMSG plasticity was implemented in the finite element program Abaqus 
v6.10 via the USER-MATERIAL subroutine (UMAT in Abaqus/Standard and 
VUMAT in Abaqus/Explicit). Since the equilibrium equations and boundary 
conditions remain the same, the implementation of CMSG plasticity is similar 
as those of conventional plasticity. The essential part of the implementation 
was to evaluate the plastic strain gradient ߟ௣ within UMAT or VUMAT. As 
the plastic strain gradient is a non-locale value, a global matrix was created to 
store plastic strains for all integration points. At the beginning of each 
displacement increment, the plastic strain gradients at all integration points 
were evaluated globally by a weighted least-square method, according to the 
plastic strains stored at the end of previous displacement increment. (Refer to 
Appendix B for details of the strain gradient evaluation.)  
As pointed out by Qu et al. [246, 247], the CMSG implementation only 
involved the UMAT subroutine. Hence, it is compatible with the contact 
boundary conditions in Abaqus v6.10. In contrast, the implementation for 
higher-order theories of strain gradient plasticity usually requires the USER-
ELEMENT subroutine, which is incompatible with contact models. Though 
the higher-order stresses are neglected, the CMSG predicts equivalent stress 
fields as the higher-order theories except in a thin boundary layer (<10 nm) 
[219, 246]. 
3.5.2 FE modelling of microcompression 
Three-dimensional FE models implemented with CMSG plasticity were 
developed to simulate the microcompression tests using commercial finite 
element program Abaqus/Standard v6.10. The pillar and the substrate were 
modelled with 16224 first-order linear elements (C3D8) with a fine mesh on 
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the pillar and the connection between the pillar and substrate, as shown in 
Figure 3.10.  Mesh convergence studies were carried out to ensure the 
reliability of the FE model, as shown in Figure 3.11. 
 
 Figure 3.10. Three-dimension FE model of the pillar in the microcompression 
test: (a) the overview of the pillar and bulk base and (b) the cross-sectional 
view of the pillar.  
 
Figure 3.11. Mesh convergence of the microcompression FE models. 
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The mean diameter ݀ of the pillar was 1.0 μm and the length of the film 
portion ݈௙ was 2.0 μm, while that of the substrate portion ݈௦ was 0.5 μm. The 
connection part between the pillar and substrate had a fillet of radius 0.3 μm. 
The tapered shape of the pillar was considered according to the produced FIB-
milled pillars. The flat punch was modelled as a rigid surface. A hard contact 
was assumed between the flat punch and the top surface of the pillar. Both the 
frictionless and frictional behaviours were considered in the models. The 
misalignment angle between the pillar and flat punch was also included for 
sensitivity analysis. 
The constitutive behaviours of Cu and Fe were modelled using the CMSG 
plasticity implemented in the UMAT subroutine, while the Si(100) substrate 
was modelled as a conventional isotropic material, because the substrate is 
much stronger than thin films and its deformation was purely elastic [293]. 
Inverse analysis, which will be introduced in Section 4.3.1, was performed to 
extract the initial yield stress and work-hardening rate for the monolithic Cu 
and Fe thin films. The material parameters related to Cu, Fe, and Si are listed 
in Table 3. For the multilayers, the material properties determined from 
monolithic Cu and Fe thin films were assigned to different layers according to 
the layer sequences. 
A static analysis was conducted to simulate the microcompression test, and the 
deformation can be considered as rate-independent. During microcompression, 
the bottom of the bulk base was fixed and the flat punch was moved 
downwards up to a maximum compressive displacement of 0.2 μm, which 
induces ~10% strain into the thin film or multilayer. The loading force and 
displacement of the flat punch were recorded as history outputs at each 
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displacement increment. The field variables, such as stress, strain, and GNDs, 
were recorded at every 0.5% strain increment. The length change in the thin 
film part was determined according to the displacements of the top and bottom 
faces of the thin film. 
Table 3. Material parameters used in FE modelling. 
 Cu Fe Si (100) 
Young’s modulus, ܧ ሺ
ሻ 70 205 130 
Poisson’s ratio, ߥ 0.35 0.28 0.28 
Density, ߩ (Ȁଷሻ 8.94 7.86 2.3 
Initial yield stress, ߪ௬ (ሻ 490 3520 7000 
Work-hardening rate, ݊ 0.17 0.1 - 
Rate sensitivity exponent, ݉ 20 20 - 
Taylor factor, ܯ 3.06 3.06 - 
Burger’s vector, ܾ ሺሻ 0.255 0.248 - 
Nye-factor, ݎҧ 1.9 1.9 - 
Empirical coefficient, Ƚ 0.3 0.3 - 
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3.5.3 FE modelling of nanoindentation 
Three-dimensional FE models were also developed to simulate the Berkovich 
nanoindentation using the commercial finite element program Abaqus/Explicit 
v6.10. Explicit integration algorithm was employed to handle the complex 
contact conditions in the nanoindentation test. Considering the six-fold 
symmetry of the Berkovich indentation [251], only one sixth of the cylindrical 
specimen was modelled with plane-symmetry boundary conditions applied on 
planes I and II, as shown in Figure 3.12. The specimen had a thickness of 2.0 
ȝm and a radius of 4.0 ȝm. A gradient mesh consisting of 11888 reduced first-
order elements (C3D8R) was used to represent the specimen, as shown in 
Figure 3.12b and 3.12c. Mesh convergence was also performed to ensure the 
accuracy of the FE mesh, and its results are shown in Figure 3.13. A rigid 
surface was used to represent the Berkovich indenter with a half angle of 
65.35° and a tip radius ܴ. A hard contact was assumed between the indenter 
and the top surface of the sample, and both the frictionless and frictional 
behaviours were considered. 
A quasi-static analysis was conducted to simulate the nanoindentation test. The 
bottom of the specimen was fixed during simulation, as if it was located above 
a rigid substrate. The whole indentation process was composed of loading, 
holding, and unloading phases. The maximum indentation depth was set to 0.2 
μm, which was equivalent to the layer thickness and was 10% of the total 
thickness of the specimen. The loading force, indentation depth, and contact 
area were obtained at each displacement increment. The field variables, such 
as stress, strain, and GNDs were also obtained. The constitutive behaviours of 
Cu and Fe were implemented in the VUMAT subroutine, and the material 
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parameters for Cu and Fe were the same as those in the microcompression 
simulations. 
 
 
Figure 3.12. (a) Symmetry of the Berkovich indentation; (b) FE model for 3D 
Berkovich indentation; (c) Refined mesh in the indentation region; and (d) Tip 
geometry of the Berkovich indenter. 
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Figure 3.13. Mesh convergence of the nanoindentation FE models. 
3.6 Summary 
In this chapter, the experimental and modelling methods developed and 
employed in this thesis are described in detail. The Cu/Fe and Fe/Cu 
multilayers, as well as monolithic Cu and Fe thin films, were fabricated by DC 
magnetron sputtering. Their phase, morphology, and microstructure were 
characterised by XRD, SEM, and TEM, respectively, while their mechanical 
behaviours at the micron/submicron scale were characterised with 
microcompression and nanoindentation tests. Finite element models 
implemented with CMSG plasticity were used to interpret the experimental 
data and study the influences of experimental parameters.  
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4 Microcompression of Cu-Fe Thin Films 
and Multilayers 
 
Mechanical behaviour of thin films and multilayers at their characteristic 
length scales are critical to their performance in applications. 
Microcompression test can provide invaluable insights into mechanical 
behaviour of materials at the micron/submicron scale, which exactly matches 
the characteristic length scales of thin films and multilayers. We performed 
microcompression tests on Cu-Fe thin films and multilayers to investigate the 
mechanical behaviour of thin films and multilayers at the micron/submicron 
scale. Finite element modelling was developed to interpret the experimental 
results and investigate experimental parameters in microcompression tests. 
While the previous chapter has described the details of microcompression 
experiments and FE modelling, this chapter presents the mechanical behaviour 
of Cu-Fe thin films and multilayers informed by both microcompression 
experiments and FE modelling. 
4.1 Stress-strain curves in microcompression 
Microcompression tests of micro-sized pillars are usually performed with a flat 
punch in a nanoindentation apparatus. The most essential data obtained from 
compression tests are the load-displacement curves. To reflect the mechanical 
properties of materials, the load-displacement curves need to be converted to 
stress-strain curves with the knowledge of initial geometry of the pillars. This 
section briefly describes the stress-strain calculation procedure for a pillar 
consisting of thin film and substrate parts. It follows the same concept as the 
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conventional uniaxial compression test, but with special considerations made 
to the substrate effect. 
For a pillar consisting of thin film and substrate, as shown in Figure 4.1, the 
total displacement can be decomposed into three components: (i) the length 
change in the film portion ߂݈௙; (ii) the length change in the substrate portion 
߂݈௦ and (iii) the displacement caused by the Sneddon’s effects, ݑௌ௡௘ௗௗ௢௡, 
which accounts for the elastic penetration of the pillar into the substrate base. 
Hence, the total displacement of the flat punch ݑ௧௢௧௔௟ equals to the sum of 
these three components, written as 
 ݑ௧௢௧௔௟ ൌ ߂݈௙ ൅ ȟ݈௦ ൅ ݑௌ௡௘ௗௗ௢௡ (4.1) 
 
  
Figure 4.1. Schematic of microcompression test on a pillar consisting of thin 
film and substrate. 
Since the Si(100) substrate has much higher yield stress (~7 GPa) than the Cu 
and Fe thin films, it is assumed that the Si(100) substrate only deforms 
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elastically [293]. Hence, the length change in the substrate portion ߂݈௦ can be 
derived according to the Hooke’s law as  
 ȟ݈௦ ൌ
݈ܲ௦
ܧ௦ܣ௦ (4.2) 
where, ܲ is the loading force, ܧ௦ is the elastic modulus of the substrate, ݈௦ and 
ܣ௦ are the length and cross-sectional area of the substrate portion, respectively.  
The displacement that the pillar penetrates into the bulk base can be 
approximated using the Sneddon’s solution for an isotropic elastic half space 
indented by a rigid circular flat punch [138], expressed as 
 ݑௌ௡௘ௗௗ௢௡ ൌ
ሺͳ െ ߥ௦ଶሻܲ
ʹܧ௦ ඨ
ߨ
ܣ௦ (4.3) 
in which, ɋୱ is the Poisson’s ratio of the substrate. By substituting Equations 
(4.2) and (4.3) into Equation (4.1), the length change in the film portion ߂݈௙ 
can be obtained as, 
where,  
 ܥ௦ ൌ
݈௦
ܧ௦ܣ௦ (4.5) 
 ܥௌ௡௘ௗௗ௢௡ ൌ
ሺͳ െ ݒ௦ଶሻ
ʹܧ௦ ڄ ඨ
ߨ
ܣ௦ (4.6) 
Thus, the engineering strain and stress in the film can be calculated as 
 ߝா ൌ
ȟ݈௙
݈௙଴
 (4.7) 
 ߪா ൌ
ܲ
ܣ௙଴
 (4.8) 
 ȟ݈௙ ൌ ݑ௧௢௧௔௟ െ ܲሺܥ௦ ൅ ܥௌ௡௘ௗௗ௢௡ሻ (4.4) 
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where, ݈௙଴ and ܣ௙଴ are the initial length and cross-sectional area of the film 
portion of the pillar, respectively. The true stress is defined as the ratio of the 
loading force to the instantaneous cross-sectional area, and the true strain is 
defined as the sum of all instantaneous engineering strains. Assuming no 
volume change occurred in the film portion during microcompression, 
consequently, ܣ௙଴݈௙଴ ൌ ܣ௙݈௙, and the true strain ߝ and stress ߪ can be related to 
the engineering strain ߝா and stress ߪா by 
 ߝ ൌ  ݈௙݈௙଴
ൌ ሺͳ ൅ ߝாሻ (4.9) 
 ߪ ൌ ܲܣ௙଴
ڄ ݈௙݈௙଴
ൌ ߪா ڄ ሺͳ ൅ ߝாሻ (4.10) 
The loading force ܲ and total displacement ݑ௧௢௧௔௟ can be directly obtained 
from the microcompression tests. The initial length and cross-sectional area of 
the pillars can be measured from the SEM images. The elastic modulus and 
Poisson’s ratio of Si(100) substrate are known values, which are 130 GPa and 
0.28, respectively [294]. Thus, by combining microcompression test and SEM 
images, the true stress-strain curve of the film can be determined. For 
multilayers, a similar calculation procedure can be used to extract the stress-
strain curves of the pillars. 
4.2 Experimental results 
From microcompression tests, the stress-strain curves of Cu-Fe thin films and 
multilayers were extracted, and the deformation and fracture behaviour of Cu-
Fe thin films and multilayer pillars were investigated at various strain levels. 
The results of microcompression tests of Cu-Fe thin films and multilayers are 
presented in three sections: (i) the initial pillars before compression; (ii) 
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deformations in the pillars at medium strain levels; and (iii) fracture 
behaviours of the pillars at high strain levels. 
4.2.1 Pillars before compression 
The initial shapes of the pillars were measured according to the SEM images, 
which were used in the following stress-stain curve extraction. Figure 4.2 
shows the typical pillars prepared by FIB for monolithic Cu and Fe thin films 
and Cu/Fe and Fe/Cu multilayers. The pillars are slightly tapered due to the 
tailing effect of the focused ion beams. The top surfaces of the pillars maintain 
the roughness inherited from their parent thin films and multilayers. The edges 
of the pillars are slightly rounded due to the scattering of the ion beams. The 
craters surrounding the pillars are generally deeper than 1.5 ȝm, which is 
sufficient to allow the displacement of the flat punch. The pillars are well 
exposed for measuring their dimensions.  
The mean diameters, total lengths, and taper angles of the thin film and 
multilayer pillars are listed in Table 4.1. Consistent shapes are achieved for 
different thin films and multilayers. The averaged mean diameter and length of 
the pillars are 1.014±0.011 ȝm and 3.252±0.161 ȝm, respectively, which gives 
the aspect ratio ~3:1. The averaged taper angle is 2.533±0.270 degrees for all 
of the pillars.  
Chapter 4. Microcompression of Cu-Fe Thin Films and Multilayers 
-84- 
 
Figure 4.2. SEM images of typical FIB-prepared pillars of the Cu-Fe thin films 
and multilayers. (The pillars were tilted at 52°.) 
 
Table 4.1. Mean values and standard deviations of the pillar diameter, total 
length, and taper angle for Cu-Fe thin films and multilayers. 
 Diameter (Ɋ) Total length (Ɋ) Taper angle (°) 
Cu 0.999 ±0.005 3.490 ±0.136 2.148 ±0.039 
Fe 1.028 ±0.003 3.147 ±0.046 2.825 ±0.166 
Cu/Fe 1.011 ±0.003 3.145 ±0.040 2.497 ±0.030 
Fe/Cu 1.017 ±0.003 3.226 ±0.044 2.660 ±0.108 
Average 1.014 ±0.011 3.252 ±0.161 2.533 ±0.270 
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4.2.2 Deformation of the pillars at medium strains 
In the first loading cycle, the pillars were deformed to 5%-10% compressive 
strains. Figure 4.3 shows the stress-strain curves for the pillars of Cu-Fe thin 
films and multilayers. Isotropic work-hardening behaviours are observed in the 
stress-strain curves of the Cu-Fe thin films and multilayers, which are common 
for polycrystalline metals. This is consistent with the microstructures 
characterised by the TEM images as shown in Figure 3.7. The grain sizes are 
~50 nm and ~20 nm for Cu and Fe, respectively. Hence, each pillar contains 
more than 300 grains over the cross-section area and at least 4 grains across the 
smallest thickness (200 nm).  
The Young’s moduli ܧ were measured as 70 GPa and 205 GPa for the Cu and 
Fe thin films, respectively. The 0.2% offset yield stress of Cu thin film is ~410 
MPa, which is slightly higher than the strength of ultrafine-grain Cu that has 
grain size of ~300 nm [295]. There is no unique Hall-Petch relation applicable 
for nanocrystalline Cu at scales less than 100 nm [48]. By extrapolating the 
Hall-Petch relation proposed by Suryanarayana et al. [296], ߪ଴ǤଶΨ ൌ ͷͻǤͳ ൅
ͲǤͲͻ͹Ͷ݀ିଵȀଶ, it predicts the yield stress of 493 MPa for Cu at grain size of 50 
nm. Hence, the yield stress measured in the current microcompression tests is 
reasonable for a nanocrystalline Cu thin film. 
The Fe thin film has high 0.2% offset yield stress of ~3200 MPa. Jia et al. 
demonstrated that nanocrystalline Fe with grain size of 80 nm had a yield 
stress above 2500 MPa [297]. The current Fe thin films pillars suggest the 
strength can be increased further by reduce the grain size down to ~20 nm 
scale. Takaki et al. [298] proposed a Hall-Petch relation for bulk Fe with 
ultrafine grain size >200 nm, ɐ଴ǤଶΨ ൌ ͳͲͲ ൅ ͲǤ͸ିଵȀଶ. By extrapolate this 
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relation down to 20 nm, it gives a yield stress of 4.3 GPa, which is much 
higher than the strength of the current Fe thin film. It indicates that the 
dependence of the strength on grain size does not follow the Hall-Petch 
relation in the range of 20–100 nm, although the strength still increases as the 
grain size decreases. A possible reason is that the increased fraction of grain 
boundaries contributes to the dislocation generation and propagation in 
materials with small grains. 
 
Figure 4.3. Stress-strain curves up to medium strain levels for the pillars of Cu-
Fe thin films and multilayers. 
The stress-strain curves of the monolithic Fe and Cu thin films can be firstly 
approximated by a power-law work hardening model. The work-hardening 
rates were identified as 0.32 and 0.15 for the monolithic Cu and Fe thin films, 
respectively, by fitting the stress-strain curves to power-law work-hardening 
equations. Note that the stress-strain curve from a microcompression test may 
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be not equivalent to the intrinsic stress-strain curve of the material, because it 
includes artefacts introduced by tapered shape and friction. Hence, the 0.2% 
yield stress and work-hardening rates obtained by fitting the experimental 
stress-strain curves are referred as the apparent yield stress and work-
hardening rate, to distinguish them from the intrinsic material properties. The 
comparison between the apparent and intrinsic values of yield stress and work-
hardening rate will be further discussed in the following sections with the aid 
of FE modelling. 
The Cu/Fe and Fe/Cu multilayers have flow stresses fallen in the envelope 
formed by the monolithic Cu and Fe thin films. The 0.2% yield stresses are 
measured at 538 MPa and 733 MPa, respectively. This indicates the Cu/Fe and 
Fe/Cu multilayer have higher apparent yield stresses than the monolithic Cu 
thin film, though the Cu layers are expected to yield first in the multilayers. 
The increase in the yield stress can be attributed to the small aspect ratio of 
individual Cu layers comparing to the monolithic Cu thin film. Note that the 
layer aspect ratio in the Cu/Fe and Fe/Cu multilayers is 0.2:1, which is ten 
times smaller than those of monolithic Cu and Fe thin films. The reduced layer 
aspect ratio increases the dimensional constraints in each layer, which requires 
a higher external load to cause the plastic flow in the Cu layers.  
It is noted that the Fe/Cu multilayer has higher yield stress than the Cu/Fe 
multilayer. The only difference between the Cu/Fe and Fe/Cu multilayers is the 
layer sequence; the Cu/Fe multilayer finished with Cu layer on top, while the 
Fe/Cu multilayer has Fe layer on top. It is no doubt that the yielding of Cu 
layer initiates the yielding of the multilayer pillars. However, as the pillars are 
tapered, the volume fraction and dimensional constraints differ in these two 
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multilayers. Consequently, these differences lead to distinct mechanical 
behaviours for the pillars of Cu/Fe and Fe/Cu multilayers. In addition, the 
stress-strain curves of the multilayered pillars cannot be simply approximated 
by power-law work-hardening equations, since the plastic deformation of the 
multilayered pillars involves the interplay between the Cu and Fe layers.  
Figure 4.4 shows the deformed pillars of Cu-Fe thin films and multilayers at 
medium strain levels. Since the pillars are tapered, the top layer has the 
smallest cross-sectional area, and in turn, the highest stresses. As a 
consequence, the plastic deformations are commonly localized in the top 
regions of the pillars. The top region of the Cu thin film pillar bulges out at a 
6.5% strain, which is typical for a ductile isotropic material. In contrast, the top 
region of the Fe thin film pillar forms several cracks along the axial direction 
(or film growth direction) at a 5.3% compressive stain, along with a small 
amount of bulging. This indicates that the Fe thin film is relatively brittle due 
to the weak strength between the columnar grains.  
For the Cu/Fe and Fe/Cu multilayers, the plastic deformation differs 
significantly in the Cu and Fe layers. At a 5.6% compressive strain, the Cu/Fe 
multilayer pillar shows appreciable bulging in the top Cu layer and cracking in 
the second Fe layer. The Fe/Cu multilayer pillar also shows bulging and 
cracking in the top Fe and Cu layers, even at a 3.2 % compressive strain. In 
addition, the top Cu layer in the Cu/Fe multilayer is excessively deformed, 
which is attributed to the relatively weak constraints between the top Cu layer 
and the flat punch. In contrast, the Cu layers in the Fe/Cu multilayer are more 
strongly constrained by the neighbouring Fe layers. The difference in the 
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constraints to Cu layers explains the higher flow stress for the Cu/Fe 
multilayer than the Fe/Cu multilayer. 
  
  
 
Figure 4.4. Deformed pillars of Cu-Fe thin films and multilayers at medium 
strain levels. 
4.2.3 Pillars at large deformations 
 
Fracture behaviours of the Cu-Fe thin films and multilayers were also 
investigated by compressing the pillars to higher strain levels. Figure 4.5 
shows the stress-strain curves for Cu-Fe thin films and multilayers loaded up 
to high strains or until failure. The Cu thin film bulges without failure even at 
strain as high as 34%, but the Fe thin film shows strain burst at ~10% strain 
which leads to the fracture of the pillar. The Cu/Fe and Fe/Cu multilayers 
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possess little stable ductility, which are even smaller than the monolithic Fe 
thin film. The Cu/Fe and Fe/Cu multilayers show strain bursts at strain levels 
around 3%-6% in current microcompression tests. The strain bursts are 
corresponding to cracking or fracture in the deformed pillars, which are 
indicated by the cracking and fracture shown in Figure 4.6. It is worth noting 
that the mechanism of strain burst is different for single crystal and 
polycrystalline pillars. For a single crystal pillar, a strain burst is usually 
associated with dislocation avalanches [106, 299, 300]. In contrast, the 
dislocation slipping in polycrystalline pillars are blocked by the grain 
boundaries, and only cracking or fracture gives arise to strain bursts. 
 
Figure 4.5. Stress-strain curves up to high strains or until failure for the pillars 
of Cu-Fe thin films and multilayers. 
The deformed shapes of the pillars at high strain levels are shown in Figure 
4.6. The Cu thin film bulges out excessively at ~34% strain, and form double 
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barrelling shape. It is predictable that the maximum ductility of the Cu films 
could reach a much higher value. The double barrelling shape indicates the 
presence of friction on the contact surface. In contrast, the Fe thin film cracks 
and shears at ~9.6% strain, potentially leading to the failure of the pillar. The 
causes of shear in Fe thin film pillar are unclear from the current results. It is 
noted that the ratio of yield stress to elastic modulus, ߪ௬Ȁܧ, differs largely for 
Fe and Cu thin films, which are 15.6×10-3 and 5.85×10-3, respectively. The 
ratio of ߪ௬Ȁܧ, which is equivalent to the yielding strain, affects the stress 
distribution in the pillars. In addition, the columnar grains in the Fe thin film 
may facilitate the shearing due to the weak intergrain strength.  
 
Figure 4.6 Deformed pillars of Cu-Fe thin films and multilayers at high strain 
levels or failure. 
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The deformations in Cu/Fe and Fe/Cu multilayers have been mediated by the 
constituent Cu and Fe layers, and the failure of the multilayers differs from the 
monolithic Cu and Fe thin films. Since the Cu layer has lower yield stress and 
better ductility, they are expected to accommodate the majority of plastic 
deformation under compression. On the contrary, the ductility of Cu/Fe and 
Fe/Cu multilayers has not been improved but gets worse, comparing to the Fe 
thin film. The Cu layers certainly contribute ductility to the whole pillar. 
However, the Fe layers crack along the axial direction (or film growth 
direction). The strain bursts in the Cu/Fe and Fe/Cu multilayers indicate that 
the cracks from earlier in the multilayers than the monolithic Fe thin film. 
The only mechanism to supress the cracking in the Fe layers is the constraining 
applied by the Cu layers. However, the effectiveness of constraining is 
compromised due to the low flow stress of the Cu layers, although the Fe 
layers are bonded by the Cu layers on both sides in the Cu/Fe multilayer. Once 
the Fe layers fail, the integrity of the pillar cannot be maintained, leading to the 
failure of the whole pillar. Hence, the ductility of the Cu/Fe and Fe/Cu 
multilayers become worse than the monolithic Fe thin film. This implies that if 
brittle layers control the failure of a multilayer, the effectiveness of improving 
the ductility by adding a soft ductile layer would be doomed. In other words, 
suppressing the fracture of the brittle layer is more important than simply 
adding ductile layers. 
4.3 Finite element modelling of microcompression 
Finite element modelling offers opportunities to probe the deformation 
occurred inside the pillars, as well as the capability to numerically investigate 
the effects of experimental parameters. In the following sections, finite element 
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modelling is firstly applied to determine the intrinsic material properties of the 
Cu and Fe thin films by inverse analysis, which aims to eliminate the influence 
of artefacts, such as taper angle and friction. Secondly, the deformation in 
pillars of Cu-Fe thin films and multilayers are investigated, and the effects of 
plastic strain gradients on the strain hardening of thin films and multilayers are 
studied. Finally, sensitivity analysis is conducted to provide insights into the 
effects of experimental parameters, i.e. taper angle, friction coefficient, and 
misalignment.  
4.3.1 Inverse analysis 
The stress-strain curves extracted directly from the microcompression tests are 
the effective responses of the whole pillar under compression. They may 
deviate from the constitutive relations of the constituent materials, because 
they are affected by experimental parameters, such as the taper angle, substrate 
constraints, friction and misalignments between the pillar and flat punch.  
In conventional compression tests, the stress field is commonly assumed to be 
uniform in the specimen, because the constraints are negligible when the 
aspect ratio of the specimen is larger than two. However, the effects of 
dimensional constraints become more significant in tapered pillars in 
microcompression tests. For example, the plastic deformations concentrate in 
the top regions due to the tapered shape. Previous studies showed that tapered 
shape introduced artificial strain hardening into the stress-strain curves [27]. 
In addition, the size effects become significant at the length scale of 
microcompression. The geometrically necessary dislocations required to 
accommodate the plastic strain gradients play an indispensable role in the 
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hardening of the pillars. According to the CMSG plasticity, the flow stress that 
accounts for the plastic strain gradient is given in as (rewritten of Equation 3.6) 
 ߪ௙௟௢௪ ൌ ߪ௬ඥሾ݂ሺߝ௣ሻሿଶ ൅ ܮߟ௣  
and, 
 ݂ሺߝ௣ሻ ൌ ቆͳ ൅ ܧߝ
௣
ߪݕ
ቇ
݊
  
in which, the ߪ௬ and ݊ are the yield stress and work-hardening rate in uniaxial 
tension conditions, where the plastic strain gradient vanishes, and these values 
are referred to as the intrinsic yield stress and work-hardening rate. The 
apparent yield stress and work-hardening rate determined by fitting to the 
stress-strain curve deviate from the intrinsic yield stress and work-hardening 
rate, because of the dimensional constraints applied by the tapered shape and 
flat punch. To determine the intrinsic yield stress and work-hardening rate, an 
inverse analysis is required to consider the effects of dimensional constraints.  
The dimensional constraints have little effect on the elastic responses of the 
pillars, because the mean diameter and length of the pillars can be measured 
accurately. Hence, the Young’s moduli ܧ of 70 GPa and 205 GPa for Cu and 
Fe, respectively, are used in the inverse analysis. The dimensional constraints 
are more critical to the plastic deformation in the pillars. The yield stress and 
work-hardening rate are the material parameters to be determined in the 
inverse analysis. In the current inverse analysis, a series of microcompression 
tests were simulated for materials with different initial yield stress and work-
hardening rate. For Cu thin films, the yield stress and work-hardening rate 
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were varying in the range of ͹Ͳ ൑ ߪ௬ ൑ ͳͳʹͲ and ͲǤͳ ൑ ݊ ൑ ͲǤͷ, 
respectively. For Fe thin films, the yield stress and work-hardening rate were 
in the ranges of ʹͲͷ ൑ ߪ௬ ൑ ͸ͷ͸Ͳ and ͲǤͳ ൑ ݊ ൑ ͲǤͷ.  
The stress-strain curves for the pillars of the monolithic Cu and Fe thin films 
extracted from FE models were compared to those from microcompression 
experiments. A normalised root mean squared deviation ܦఙ is defined to 
represent the difference between the modelling and experimental stress-strain 
curves, written as  
 ܦߪ ൌ ͳߝଶ െ ߝଵ ඨන ቆ
ߪ݉݋݀ െ ߪ݁ݔ݌
ߪ݁ݔ݌ ቇ
ʹߝమ
ߝͳ
݀ߝ (4.11) 
where, ߪ௠௢ௗ and ߪ௘௫௣ are the flow stresses from modelling and experiments, 
respectively. ሾߝଵǡ ߝଶሿ is the strain range in which the ܦఙ is calculated. Since at 
least three microcompression tests were performed for the monolithic Cu and 
Fe thin films, the experimental stress-strain curves are the averaged stress-
strain curves for each material. The stress-strain curves from FE models are 
also the apparent stress-strain curves of the thin film pillar. Note that the stress-
strain curves from both FE modelling and experiments have already excluded 
the elastic displacements of the substrate. 
Figure 4.7 shows the dependence of ܦఙ on ߪ௬ and ݊ for the monolithic Cu and 
Fe thin films. The minimum value of ܦఙ is corresponding to the best-fit 
material parameters, which are found at ߪ௬ ൌ ͶͻͲ and ݊ ൌ ͲǤͳ͹ for the 
Cu thin film, and ߪ௬ ൌ ͵ͷʹͲ and ݊ ൌ ͲǤͳ for the Fe thin film. The 
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corresponding flow curves extracted from the FE models are shown along with 
those from microcompression experiments in Figure 4.8. 
 
 
Figure 4.7. Deviation of stress-strain curves ܦఙfor (a) Cu thin film with 
͹Ͳ ൑ ߪ௬ ൑ ͳͳʹͲ and ͲǤͳ ൑ ݊ ൑ ͲǤͷ, and (b) Fe thin film with 
ʹͲͷ ൑ ߪ௬ ൑ ͸ͷ͸Ͳ and ͲǤͳ ൑ ݊ ൑ ͲǤͷ. 
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Figure 4.8 Stress-strain curves for the pillars of Cu-Fe thin films and 
multilayers from both experiments and FE modelling. 
 
Table 4.2. Comparison of material parameters determined by direct curve 
fitting and inverse analysis for the Cu and Fe thin films. 
 Yield stress, ߪ௬ (MPa) Work-hardening rate, ݊ 
 Curve fitting Inverse analysis Curve fitting Inverse analysis 
Cu 410 490 0.32 0.17 
Fe 3192 3520 0.17 0.1 
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It is noted that the yield stresses determined by inverse analysis are higher than 
the apparent yield stresses determined by conventional curve fitting. The 
deviations are mainly caused by the tapered shapes and non-uniform strain in 
the pillars. The cross-sectional area of the top region is smaller than the mean 
cross-sectional area. Consequently, the stress state in the top region is 
underestimated when the mean cross-section area is used to calculate the 
effective stress. In addition, the conventional curve fitting method neglects the 
non-uniformity in the strain field. As the inverse analysis have considered both 
the geometry of the pillar and non-uniform strain field in the pillar, the yield 
stress extracted by the inverse analysis is more close to the intrinsic yield stress 
of the material. 
Moreover, the work-hardening rates from inverse analysis are smaller than 
those determined through conventional curve fitting. The reason is that the 
conventional curve fitting method fails to consider two contributions in the 
stress-strain curves. First, the cross-sectional area becomes larger and extra 
load is required to deform the pillar, as the deformation field is transmitted 
deeper. This artificial work-hardening increases the flow stress in the stress-
strain curve. Second, the non-uniformity in the strain field introduces plastic 
strain gradients in the pillar. The required geometrically necessary dislocations 
add extra work-hardening into the material, although the strain gradients may 
be small. The inverse analysis takes into account both of these two 
contributing factors in the FE models. Hence, the work-hardening rates 
determined by inverse analysis are the intrinsic work-hardening rates of the 
materials under uniaxial deform conditions.  
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Based on the material parameters of the Cu and Fe thin films, the stress-strain 
curves for the pillars of Cu/Fe and Fe/Cu multilayers are also modelled, which 
are also shown in Figure 4.8. It is noted that the current finite element models 
involve no fracture mechanism. They are only capable of predicting the 
mechanical behaviours of the pillars without cracking or fracture. As the Cu/Fe 
and Fe/Cu multilayers form cracks at small strain levels, the current FE models 
did not capture the corresponding softening in pillar strength. With increasing 
displacement, more fracture happened in the Fe layers, thus the stress-strain 
curves predicted by the FE models deviate away from the experimental curves. 
It is obvious that a FE model that involves fracture mechanism is essential for 
studying fracture behaviours of pillars. However, the current FE models can be 
applied to provide insights into the deformation in the pillars of thin films and 
multilayer, which is also valuable for predicting the initiation sites of the 
cracks in the pillars.  
4.3.2 Deformation in the pillars 
The FE modelling provides detailed information about the deformation 
occurred inside the pillars, which is supplementary to the external observations 
achievable by SEM imaging. Figure 4.9 shows the distributions of maximum 
principal strains in the pillars predicted by the current FE models. The overall 
compressive strain in each pillar is ~10%, as indicated in Figure 4.8. This 
strain level is sufficient to capture the mechanical behaviour of pillars of Cu-Fe 
thin films and multilayers.  
Chapter 4. Microcompression of Cu-Fe Thin Films and Multilayers 
-100- 
 
Figure 4.9. Contours of maximum principal strains in the pillars of Cu-Fe thin 
films and multilayers predicted by the FE models. 
The strain concentrations have been clearly shown in the top regions of the 
monolithic Cu and Fe thin films, which are consistent with the experimental 
results. For the Cu/Fe and Fe/Cu multilayers, deformations are mostly 
accommodated by the Cu layers, as the Fe layers are much stronger. The 
magnitude of bulging increases from bottom to top and reaches a maximum in 
the top Cu layer. Attention should also be paid to the second Fe layer, though 
its plastic strain is relatively small, because the Fe layers are less ductile and a 
small amount of strain localization could lead to cracking in the Fe layers. 
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Although no failure criterion was adopted in the current FE model, the 
localizations of plastic strains provide sufficient indication of crack 
initialization sites in the pillars. In addition, the strain levels in substrates are 
well below the yield strain (~ 0.05), which is consistent with our assumption. 
Figure 4.10 shows the maximum principal stresses in the pillars. The Cu and 
Fe thin film pillars have similar stress distribution pattern, but with different 
magnitudes. In the Fe thin film pillar, stress concentration occurs near the top 
edge. Compressive stress (blue) exists in the central of the pillar, while tensile 
stress (red) occurs in the out boundary of the pillar, forming a ring shape 
tensile stress pattern. It is obvious that such tensile stress is the main driving 
force for the cracking in Fe thin film, which is observed in experiments as 
shown in Figure 4.4. In addition, though no plastic deformation takes place in 
Si substrate, the mismatch of the elastic modulus and Poisson’s ratio between 
the film and substrate induces stresses on the interfaces.  
In the pillars of the multilayers, neighbouring layers exerts dimensional 
constraints on each other upon deformation. Because the Cu layers have more 
plastic deformation than the Fe layers, compressive stresses occur on the Cu 
side of the interface which confines the bulging of the Cu layers, while the 
tensile stresses arise on the Fe side pulling the Fe layers apart. These tensile 
stresses increase the tendency of cracking in the Fe layers, and their 
magnitudes are much higher than that in the monolithic Fe thin film pillar. 
Therefore, these tensile stresses are responsible for the cracking during the 
microcompression of the Cu/Fe and Fe/Cu multilayers, as shown in Figure 4.4. 
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Figure 4.10. Contours of maximum principal stress in the pillars of Cu-Fe thin 
films and multilayers predicted by the FE models. 
4.3.3 Strain gradients in the pillars  
From the above discussions, it is clear that large deformations take place in the 
Cu layers, but reduce dramatically at the interface of the Cu and Fe layers. The 
dramatic change in deformation magnitude indicates the existence of strong 
plastic strain gradients near the interfaces of the Cu and Fe layers. The current 
FE models also provide detailed information about the plastic strain gradients 
in the pillar, based on the CMSG plasticity. Figure 4.11 shows the distributions 
of plastic strain gradients in the pillars of Cu-Fe thin films and multilayers 
predicted by the FE models.  
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The plastic strain gradients in the monolithic Cu and Fe thin films are 
relatively small comparing to those in the Cu/Fe and Fe/Cu multilayers. The 
maximum strain gradients exhibit near the upper corner of the pillars. These 
strain gradients are mainly caused by the geometric confinements near the 
corners. As the pillars have circular cross-sections, the plastic strain gradients 
vary from the axis to the outskirt. Moreover, the tapered shape influences the 
plastic strain gradients along the axial direction, i.e. the upper portion has 
stronger plastic strain gradients than the lower portion.  
 
Figure 4.11. Distributions of plastic strain gradients in the pillars of Cu-Fe thin 
films and multilayers predicted by the FE models. 
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The plastic strain gradients become significant in Cu/Fe and Fe/Cu multilayers. 
Especially in the Cu layers, the plastic strain gradients are extremely high at 
the periphery of the pillar, exceeding 3.0 Ɋିଵ. The magnitudes of the plastic 
strain gradients decrease from the sidewalls to central regions, and also from 
top to bottom. The maximum plastic strain gradients occur in the Cu top layer, 
near the interface of the Cu and Fe layers. The corresponding densities of 
geometrically stored dislocations are shown in Figure 4.12. The maximum 
densities of GNDs are as high as 4.8×104 ȝm-2 and 2.5×104 ȝm-2 in the pillars 
of Cu/Fe and Fe/Cu multilayers, respectively.  
 
 
Figure 4.12. Densities of geometrically necessary dislocation (GNDs) in the 
pillars of Cu-Fe thin films and multilayers. 
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The large difference in the magnitude of plastic strain gradients between the 
monolithic thin films and multilayers suggests that the dimensional constraints 
play an important role in the plastic deformation and strain gradients. In the 
Cu/Fe and Fe/Cu multilayers, the small layer aspect ratio (layer 
thickness/diameter) not only enhances the magnitude of the plastic strain 
gradients near the sidewalls, but also enlarges the difference between the 
central region and sidewall. Consequently, the dimensional constraints affect 
the flow stresses of the pillars, which will be further discussed in Chapter 5. 
Figure 4.13 compares the stress-strain curves predicted by the FE models with 
and without considering the plastic strain gradients. Note that, without 
considering plastic strain gradients, the CMSG plasticity falls back to the 
conventional plasticity. The deviations between the stress-strain curves 
predicted by the CMSG and conventional plasticity reflect the effects of plastic 
strain gradients in microcompression tests. In general, the plastic strain 
gradients have little influence on the overall stress-strain responses of the 
monolithic Cu and Fe thin films, since the plastic strain gradients are relatively 
small in the pillars of monolithic thin films.  
In contrast, the existence of plastic strain gradients increases the flow stresses 
of the pillars of the Cu/Fe and Fe/Cu multilayers. Increases of ~10% in the 
flow stresses are observed for the Cu/Fe and Fe/Cu multilayers. The plastic 
strain gradients are the direct consequence of the low layer aspect ratios in the 
Cu/Fe and Fe/Cu multilayer, as shown in Figure 4.11. This suggests that the 
strong dimensional constraints play important roles in the flow stresses of 
multilayers during microcompression tests. However, the effect of dimensional 
constraints may be not limited to the multilayer pillars. Because the plastic 
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strain gradients can also be significant, if the aspect ratio of the pillars of 
monolith thin films become smaller, or the pillars are composed of multiple 
phases with different deformability. 
 
Figure 4.13. Stress-strain curves for the pillars of Cu-Fe thin films and 
multilayers predicted by the CMSG and conventional plasticity. 
4.4 Sensitivity analysis of experimental parameters  
As discussed above, the stress-strains deviate away from the intrinsic 
constitutive relation of the materials, due to the artefacts in the 
microcompression tests. It is often desirable to understand how significantly 
these artefacts influence the accuracy of the measurements. Sensitivity analysis 
was conducted to systematically investigate the effect of artefacts in 
microcompression test, i.e. the taper angle, friction, and misalignment between 
the pillars and flat punch. This section focuses on the effects of the taper angle, 
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friction coefficient, and misalignment angles in microcompression tests, while 
the effect of aspect ratio will be investigated in detail in Chapter 5. 
4.4.1 Effects of taper angle 
The pillars fabricated by annular FIB milling are commonly tapered due to the 
tailing effect of focused ion beam. It has been demonstrated that the tapered 
shape leads to the strain concentration in the top regions and it affects the 
measurement of intrinsic material properties. Understanding the influences of 
the tapered shape on the deformation in pillars of thin films and multilayers is 
important to deliver meaningful measurement of material properties with 
microcompression test. To investigate the sensitivity of the taper angle ߠ, we 
simulated microcompression tests of Cu-Fe thin films and multilayers with Ʌ 
varying from 0° to 3°. This section presents the deformation behaviour of the 
pillars of Cu-Fe thin films and multilayers at different taper angles gained from 
FE modelling. 
Figure 4.14 shows the stress-strain curves for the pillars of Cu-Fe thin films 
and multilayers with taper angle varying from 0° to 3°. Generally, the pillars 
with larger taper angles have smaller apparent yield stresses. The early 
yielding and reduced flow stresses are the consequence of the reduction in the 
cross-sectional area of the pillar top. Note that the relationship between the 
yield stress and taper angle is slightly different from those reported by Zhang 
et al., in which the yield stress increased when the pillar was tapered [27]. The 
main reason is that the cross-sectional area of the pillar top was kept constant 
in their models, while the mean cross-sectional area was a constant parameter 
in our current models. The benefit of keeping the mean cross-sectional area 
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constant is that the total volume of the pillar conserves even when the taper 
angle changes. In turn, the stress-strain curves obtained are more comparable.  
 
Figure 4.14. Stress-strain curves for the pillars Cu-Fe thin films and 
multilayers with taper angle varying from 0° to 3°. 
To provide a quantitative characterisation of the effects of taper angle ߠ, the 
flow stress at 5% strain ߪହΨ is extracted and normalised by the value of taper-
free pillars, denoted as ߪହΨఏ ȀߪହΨ଴ι . Figure 4.15 shows the normalised flow stress 
ߪହΨఏ ȀߪହΨ଴ι  for the pillars with different ߠ. The ߪହΨ reduces by ~2% for both the 
Cu and Fe thin film pillars, when the taper angle increases from 0° to 3°. With 
the same taper angle change, the ߪହΨ of the Cu/Fe multilayer pillars decreases 
by ~6%. In contrast, the ߪହΨ of the Fe/Cu multilayer pillars increases by 
~0.6% at taper angle under 2°, which is followed by a decrease at 3°. It 
suggests that the sequence of the layers in the multilayers alters the influence 
of taper angle.  
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In addition, the tapered shape also induces small amount of artificial strain 
hardening in the pillars. This artificial work hardening is mixed with the 
intrinsic work-hardening of Cu and Fe thin films. As shown in Figure 4.14, the 
flow stress of the pillars with 3° taper angle slowly converge to the strength of 
the taper-free pillars, though the tapered pillars have smaller yield stresses. 
However, since the Cu and Fe thin films both have moderate work-hardening 
rates, the artificial strain hardening is less apparent than those in materials with 
little work-hardening capacity [27]. 
 
Figure 4.15. The normalised flow stress ߪହΨఏ ȀߪହΨ଴ι  for the pillars of Cu-Fe thin 
films and multilayers at different taper angle ߠ. 
Figure 4.16 shows the maximum principal strains in the pillars of Cu-Fe thin 
films and multilayers with taper angle varying from 0° to 3°. The deformations 
are distributed over the whole length in the taper-free pillars, while the 
deformation fields shift towards the upper portions in the tapered pillars. The 
strain levels in the upper portions increase significantly as a side effect. The 
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strain concentration in the top region is apparent in pillars with 3° taper angle. 
Especially in the Cu/Fe multilayer, severe strain concentration in the top Cu 
layer is observed in tapered pillars. 
 
 
Figure 4.16. Maximum principal strains in the pillars of Cu-Fe thin films and 
multilayers with taper angle varying from 0° to 3°. 
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Therefore, the artefacts induced by the tapered shape need to be corrected for 
the microcompression tests. Mara et al. [98] assumed the tapered pillar can 
reach a uniform cross-section state during microcompression, as the upper 
portion took more deformation than the lower portion. They subtracted the 
stresses and strains before the pillar reaches the uniform cross-section state to 
correct the effect of the tapered geometry. It is worth to note that the upper 
portion have already experienced a significant amount of work hardening when 
the pillar reaches the uniform cross-section state. Hence, a gradient distribution 
of yield stress exists in the pillar with a decreasing magnitude from the top to 
the base. The stress-strain curves corrected in this way is not able to reflect the 
intrinsic strain hardening behaviour of the multilayer [98]. An alternative 
option would be to apply inverse analysis to account for the tapered shape, as 
used in this work. 
4.4.2 Effects of friction coefficient  
Another uncertainty in microcompression is the friction between the flat punch 
and the top surface of the pillar, because the surface cannot be lubricated. The 
magnitude of friction is directly related to the constraints transmitted from the 
flat punch. Primarily, the friction coefficient influences the shape stability in 
microcompression tests [204]. Secondarily, the constraints applied by the flat 
punch affects the deformation in the pillars. In the current work, the pillars 
generally have good shape stability, since their aspect ratios are relatively low. 
Hence, the effect of friction coefficient on the deformation behaviour of the 
pillars becomes the main objective of the following sensitivity analysis.  
Figure 4.17 shows the stress-strain curves for the pillars of Cu-Fe thin films 
and multilayers with friction coefficient varying from 0.0 to 0.4. In general, the 
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friction coefficient affects the flow stress of the pillars, but the extent of the 
influence varies with the dimensional characteristics of the specimen. It is 
obvious that the pillars of the Cu/Fe multilayer are more significantly 
influenced by the friction coefficient. 
 
Figure 4.17. Stress-strain curves for the pillars of Cu-Fe thin films and 
multilayers with friction coefficient varying from 0.0 to 0.4. 
Similarly, a normalised flow stress, ߪହΨఓ ȀߪହΨ଴ , is introduced to quantitatively 
reflect the effects of friction coefficient on the deformation behaviour of the 
pillars. Figure 4.18 shows the dependence of the normalised flow stress 
ߪହΨఓ ȀߪହΨ଴  on friction coefficient ߤ for the pillars of Cu-Fe thin films and 
multilayers. With the friction coefficient increasing from 0.0 to 0.4, the flow 
stress ߪହΨ increases by ~2% and ~3% for pillars of Cu and Fe thin films, 
respectively. Importantly, the effect of friction coefficient becomes more 
significant in the pillars of Cu/Fe multilayer. The flow stress ߪହΨ increases by 
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almost 12%, with the same change in the friction coefficient. In contrast, the 
influence of friction coefficient is greatly suppressed in the pillars of Fe/Cu 
multilayer, since the top Fe layer accommodates little deformation.  
 
Figure 4.18. The relationship between the normalised flow stress ߪହΨఓ ȀߪହΨ଴  and 
friction coefficient ߤ for the pillars of Cu-Fe thin films and multilayers. 
The effects of friction coefficient vary with the deformations in the pillars of 
Cu-Fe thin films and multilayers. Figure 4.19 shows the maximum principal 
strains in the pillars of Cu-Fe thin films and multilayers with friction 
coefficient ranging from 0.0 to 0.4. In the Cu and Fe thin film pillars, the 
deformations on the top surfaces are more constrained and the deformation 
fields transmit deeper, as the friction coefficient increases. The enhanced effect 
of friction coefficient in the Cu/Fe multilayer pillars is attributed to the 
extensive strain concentration in the top Cu layer. The frictional constraint is 
more effective to the plastic flow in the Cu/Fe layer, which greatly changes the 
strain distribution in the top Cu layer as the friction coefficient increases. In 
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contrast, the friction hardly affects the plastic flow in the Fe/Cu multilayer, 
since the top Fe layer accommodates much less deformation. There is little 
change in the strain field in the Fe/Cu multilayer pillars.  
 
 
Figure 4.19. Maximum principal strains in the pillars of Cu-Fe thin films and 
multilayers with friction coefficient ranging from 0.0 to 0.4. 
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4.4.3 Effects of misalignment angle 
During microcompression tests, the misalignment between the pillar and flat 
punch also affects the measurement of uniaxial stress-strain curves. The main 
parameter reflecting the misalignment is the angle ߶ between the axis of the 
pillar and flat punch. Understanding the influence of misalignment angle ߶ on 
the deformation behaviour of the pillars is essential to eliminate errors during 
measuring the mechanical properties of thin films and multilayers. Here, the 
sensitivity of the mechanical behaviour to the misalignment angle ߶ is 
investigated for Cu-Fe thin films and multilayers by FE modelling. 
Figure 4.20 shows the stress-strain curves for the pillars of Cu-Fe thin films 
and multilayers with the misalignment angle varying from 0° to 3°. The 
linearity of the elastic portion of the stress-strain curves breaks down due to 
the misalignment. For a misaligned pillar, the contact area increases gradually 
from a point-contact to a face-contact and introduces nonlinearity into the 
stress-strain curve. Such a nonlinear elastic behaviour greatly affects the 
measurement of elastic modulus of the material, which is the common problem 
for all misaligned pillars [27]. However, from another point of view, the 
nonlinearity in the beginning portion can serve as an indicator of the 
misalignment between the pillar and flat punch. 
The apparent yield stresses of the misaligned pillars are higher than those of 
the well-aligned pillars. The cause of this apparent yield stress increase is 
complex. Firstly, the effective cross-section area is scaled by ሺͳ െ
߶ሻȀ߶, where ߶ is the misalignment angle. Secondly, the materials in 
the regions that contact earlier are pre-deformed and work-hardened before the 
full contact is established. The amount of pre-deformation depends on the 
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misalignment angle, material properties, and the geometry of the pillar. 
Nevertheless, it is difficult to differentiate these contributions solely based on 
the stress-strain curves. 
 
 
Figure 4.20. Stress-strain curves for the pillars of Cu-Fe thin films and 
multilayers with the misalignment angle ߶ varying from 0° to 3°.  
Figure 4.21 shows the maximum principal strains in the pillars of Cu-Fe thin 
films and multilayers with misalignment angle varying from 0° to 3°. The 
changes in strain distribution mainly take place in the upper portion of the 
pillars, because the pillars are tapered. The deformation fields are localized in 
the top regions, and shift towards the first contact points as the misalignment 
angle increases. Hence, the deformation fields become non-axisymmetric in 
the misaligned pillars. As a consequence, the stress-strain curves further depart 
from the uniaxial compression conditions. In addition, the misaligned pillars 
form curled shapes during compression, which is a source of shape instability.  
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Figure 4.21. Maximum principal strains in the pillars of Cu-Fe thin films and 
multilayers with misalignment angle varying from 0° to 3°. 
In general, the misalignment between the pillar and flat punch can significantly 
distort the stress-strain curves, leading to errors in measurement of both the 
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elastic modulus and yield stress. The nonlinear beginning portion of the stress-
strain curve can serve as an indicator of misalignment. For reliable extraction 
of uniaxial stress-strain curves, the misalignment needs to be minimized or 
eliminated, if possible. Uchic et al. [123] constructed a miniature goniometer 
to adjust the orientation of the sample. They pointed out that the future 
development would include orientation adjustment of both the sample and flat 
punch. Alternatively, inverse analysis that considers the misalignment can be 
adopted to correct the artefacts.  
4.5 Summary 
Both of microcompression experiments and modelling were performed on Cu-
Fe thin films and multilayers to investigate the mechanical behaviour of thin 
films and multilayers at the micron/submicron scale. The stress-strain curves 
for the pillars of Cu-Fe thin films and multilayers were extracted from 
microcompression experiments, and the deformation and fracture behaviours 
were studied by SEM. Moreover, FE models were developed to determine the 
intrinsic material properties of the Cu and Fe thin films, and to interpret the 
deformations occurred inside the pillars of Cu-Fe thin films and multilayers. 
Additionally, sensitivity analysis was conducted to study the effects of 
experimental parameters in microcompression tests, such as, taper angle, 
friction coefficient, and misalignment angle. The main conclusions drawn from 
microcompression experiments and modelling of the Cu-Fe thin films and 
multilayers are summarised as follows: 
1. The Cu and Fe thin films have much higher yield stresses than their bulk 
counterparts. As the pillars are tapered, the plastic deformation 
concentrates in the top region of the pillars, which causes bulging and 
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cracking in the monolithic Cu and Fe thin films, respectively. The FE 
modelling shows that the stress concentration around the sidewall near the 
top is the driving force for the cracking in the pillar of Fe thin film. Pillars 
of Cu thin film bulge out without failure at compressive strain as high as 
34%, while those of Fe thin film crack near the top followed by shear 
failure at a 9.6% compressive strain.  
2. The Cu/Fe and Fe/Cu multilayers have flow stresses fallen in the envelope 
formed by the Cu and Fe thin films. The Cu layers accommodate the 
majority of plastic deformation, and the bulging in the Cu layers is 
exaggerated due to the small layer aspect ratios, compared to those in the 
monolithic Cu thin film. The plastic strain gradients become significant in 
the multilayers due to their reduced layer thickness. The corresponding 
GNDs required by the plastic strain gradients increase the flow stresses of 
the pillars of Cu/Fe and Fe/Cu multilayers, while the effects of GNDs in 
the pillars of Cu and Fe thin films are relatively small. 
3. The ductility of the Cu/Fe and Fe/Cu multilayers has not been improved by 
the existence of the ductile Cu layers. The cracking in the Fe layers is 
responsible for the failure of the multilayer pillars, even when the Cu 
layers have high ductility. The FE modelling shows that tensile stresses 
occur in the Fe layers and compressive stresses exhibit in the Cu layers, 
due to the mismatch in strengths of the constituent Cu and Fe layers. This 
tensile stress is believed to increase the tendency of cracking in the Fe 
layers, which possibly undermines the ductility of the Cu/Fe and Fe/Cu 
multilayers. The results imply that modifying the fracture behaviour of the 
brittle layers may be more important than simply adding ductile layers to 
improve the overall ductility of metallic multilayers. 
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4. The sensitivity analysis provides insights into the effects of experimental 
parameters on the deformation behaviour of the pillars. The taper angle 
reduces the flow stresses of the pillars, and introduces artificial work-
hardening into the stress-strain curves. The friction between the pillar top 
and flat punch increases the flow stress of the pillar. The effects of both the 
taper angle and friction coefficient become most significant in pillars of the 
Cu/Fe multilayer, because the top Cu layers accommodate a significant 
amount of deformation. In addition, the misalignment between the pillar 
and flat punch results in spurious nonlinearity in the early portion of the 
stress-strain curve. Hence, the misalignment should be minimized. 
However, the nonlinearity in the early portion of the stress-strain curve can 
serve as an indicator of misalignment. In addition, FE modelling has been 
proved to be a suitable tool to consider and correct these artefacts in 
microcompression tests.  
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5 Extrinsic Size Effects in Multilayer 
Pillars 
 
Size effects commonly exist in metallic materials at the micron/submicron 
scale. There are two types of size effects depending upon the underlying 
mechanism, namely, the intrinsic size effect and extrinsic size effect. The 
former is determined by microstructural constraints in materials, e.g. the grain 
size and precipitate spacing, while the latter is controlled by the dimensional 
constraints, e.g. the diameter of the pillar in microcompression and 
microtensile tests, and the layer thickness of thin films and multilayers. Both 
the intrinsic and extrinsic size effects play an important role in the mechanical 
behaviour of the materials at the micron/submicron scale [33]. A thorough 
understanding of the intrinsic and extrinsic size effects is required to improve 
the mechanical properties of micro/nano-sized or nanostructured materials.  
To study the extrinsic size effects in polycrystalline multilayers, we performed 
microcompression tests on pillars of Cu/Fe and Cu/Mo1 multilayers with 
different layer thicknesses and pillar diameters. The length scales of the pillar 
diameter and layer thickness were kept well above the grain sizes of the 
                                                 
1  The reason to use Cu/Mo multilayers as model materials here was simply 
because the Cu/Fe multilayers were not available due to equipment failure. 
However, the Mo layers were expected to play similar roles as the Fe layers 
in multilayers for the purpose of the current study, because both the Fe and 
Mo layers are much stronger than the Cu layers. The role of Fe and Cu 
layers can be regarded as merely constraining layers. 
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constituent layers to avoid the influences from the intrinsic size effects. Hence, 
this study provides insights into the effects of pillar diameter and layer 
thickness on the mechanical behaviour of multilayers, which enables us to 
partially disentangle the extrinsic size effects in microcompression tests of 
polycrystalline multilayers. 
This chapter firstly presents the mechanical behaviour of Cu/Fe multilayer 
pillars with different diameters from the viewpoints of both experiments and 
FE modelling. Secondly, the effects of layer thickness on the mechanical 
behaviour of metallic multilayers are studied using Cu/Mo multilayers as 
model materials. Finally, the combined effects of pillar diameter and layer 
thickness are discussed to provide a deeper understanding on the extrinsic size 
effects in microcompression of metallic multilayers.  
5.1 Microcompression of multilayer pillars with 
different diameters 
The diameter is one of the most important characteristic length parameters 
concerning the extrinsic size effects in multilayer pillars. Microcompression 
experiments and FE modelling were performed on Cu/Fe multilayer pillars of 
diameters in the range of 0.6-2.0 ȝm. As the Cu/Fe multilayer has a constant 
layer thickness of ~0.2 ȝm, the corresponding layer aspect ratios ߣ௜ in the 
pillars range from 1:3 to 1:10. The characteristic parameters of the Cu/Fe 
multilayer pillars are shown in Table 5.1, while the SEM images of the pillars 
are shown in Figure 5.3. 
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Table 5.1. Characteristic parameters of the Cu/Fe multilayer pillars. 
Pillar 
No. 
Diameter, ݀ (Ɋ) 
Layer thickness 
݈௜ (Ɋ) 
Layer aspect 
ratio, ߣ௜ 
Experiment Modelling 
1 0.609 ±0.003 0.6 0.2 1:3 
2 1.010 ±0.003 1.0 0.2 1:5 
3 2.009 ±0.004 2.0 0.2 1:10 
 
In the following sections, the mechanical behaviour of these Cu/Fe multilayer 
pillars are investigated based on the flow curves and deformations observed in 
experiments and FE modelling. 
5.1.1  Strength of multilayered pillars of different diameters 
Microcompression tests were performed on the Cu/Fe multilayer pillars of 
different diameters, and the true stress and strain in the pillars were determined 
based on the corresponding diameters of the pillars. Figure 5.1 shows the 
stress-strain curves for the pillars with different diameters from both 
experiments and modelling. The pillars of different diameters share the same 
elastic stage up to a flow stress of ~550 MPa. Then, the flow stresses of the 
pillars diverge in the plastic stage. Different work-hardening behaviours are 
observed in these pillars. The pillars with large diameters have higher flow 
stresses in the plastic stage than those with small diameters. The stress-strain 
curves from FE modelling corroborate the increase in flow stresses of the 
multilayered Cu/Fe pillars as the pillar diameter increases.  
Here, the flow stresses at 3% strains ߪଷΨ were extracted to quantitatively 
indicate the strengthening phenomena, which are 868 MPa, 1130 MPa, and 
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1534 MPa for the pillars with diameters of 0.6 ȝm, 1.0 ȝm, and 2.0 ȝm, 
respectively. The dependence of the flow stress ߪଷΨ on pillar diameter ݀ is 
plotted in Figure 5.2, which is compared with the data extracted from FE 
modelling. The modelling results closely reproduce the relationship between 
the flow stress and pillar diameter. It suggests that the flow stress increases 
exponentially with the pillar diameter. This relationship between the flow 
stress and pillar diameter gives an indication of an extrinsic size effect as 
“larger is stronger”.  
Moreover, the deformability of the Cu/Fe multilayer pillars varies with the 
pillar diameter. The pillars with a diameter of 0.6 ȝm can sustain strains up to 
~7.5%, while those with a diameter of 1.0 ȝm or 2.0 ȝm fracture at strains of 
~5.3% and ~3.6%, respectively. Strain bursts are observed in the stress-strain 
curves for the pillars with a diameter of 1.0 ȝm or 2.0 ȝm. [106, 299, 300]. The 
tapered shapes possibly strengthen the pillars after strain bursts, because larger 
cross-sectional areas are engaged to take up the loads as the compression 
progresses. In general, the pillars with large diameters are more likely to fail 
catastrophically than those with small diameters.  
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Figure 5.1. Stress-strain curves for the Cu/Fe multilayer pillars with different 
diameters from both experiments and FE modelling. 
 
Figure 5.2. Flow stress ߪଷΨ for the Cu/Fe multilayer pillars with different 
diameters from both experiments and FE modelling. 
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5.1.2 Deformation in multilayer pillars of different diameters 
This section presents the deformation and fracture behaviours of the Cu/Fe 
multilayer pillars according to the deformed shapes captured by SEM imaging, 
followed by further interpretation and understanding provided by FE 
modelling.  
The deformed shapes are compared with the initial shapes in Figure 5.3 for the 
Cu/Fe multilayer pillars of different diameters. The severe bulging in the upper 
portions implies that the lower portions of the pillars are stronger than the 
upper portions, which is attributed to the tapered shape (~2.5°) of the FIB-
fabricated pillars. The Cu layers accommodate a large amount of plastic 
deformation, while the Fe layers and Si substrates have no discernible plastic 
deformation. The constraints from the neighbouring Fe layers result in barrel-
like shapes of the Cu layers, especially in the pillars with a diameter of 0.6 ȝm. 
It is noted that some pores exist in the lower portions, which is possibly caused 
by impurities in the early stage of Cu film deposition. 
The deformation behaviour of the Cu/Fe multilayer pillars vary with the pillar 
diameter. The smallest pillar exhibits the most significant bulging in the Cu 
layers, which suggests that the dimensional constraints exerted by the 
neighbouring Fe layers are the least significant in the smallest pillars. In 
contrast, the large pillars fracture at lower strain levels than the small pillars. 
The failure in the 2.0 ȝm pillar goes across the whole thickness of the 
multilayer, while that of the 1.0 ȝm pillar propagates partially across the pillar. 
This also suggests that the strain bursts shown in Figure 5.1 are corresponding 
to the fracture of the pillars. 
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Figure 5.3. Initial and deformed shapes for the Cu/Fe multilayer pillars of 
different diameters ݀. 
Results from the FE models provide in-depth interpretations for the 
deformation observed in experiments. Figure 5.4 shows the contours of 
maximum principal strain and stress at overall strains of ~10% for the Cu/Fe 
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multilayer pillars of different diameters. The FE models capture the severe 
deformations in the upper portion of the tapered pillars. The strain 
concentrations are also commonly observed near the sidewalls in the Cu layers, 
forming ring-shaped deformation fields, which correspond to the barrel-like 
shapes observed in the experiments. The depths of the deformation fields in the 
Cu layers inside the pillars are around twice the layer thickness from the 
sidewalls, while those in the top Cu layers are greatly enlarged due to the weak 
constraints between the top surface and flat punch.  
The magnitude of deformation gradually decreases from the sidewall to central 
region, and little deformation occurs in the top central region of the pillar with 
a diameter of 2.0 ȝm (Figure 5.4). In contrast, the pillar with a diameter of 0.6 
ȝm shows appreciable deformation across the whole top region. The reason is 
that the strain concentration regions extend to the centre of the pillar, as the 
pillar diameter is reduced. This also suggests that the volume fraction of the 
strain concentration regions in the Cu layers increases as the pillar diameter 
reduces. 
Furthermore, the pillar with a diameter of 2.0 ȝm forms more cracks than those 
with a diameter of 0.6 ȝm or 1.0 ȝm (Figure 5.3). The modelling results 
(Figure 5.4)  show that compressive stresses (blue) occur in the Cu layers, and 
tensile stresses (red) concentrate in the Fe layers, especially in the regions near 
the sidewalls. The tensile stresses serve as the main driving force for the 
cracking in the Fe layers. More importantly, the magnitude of the tensile forces 
increases dramatically with increasing pillar diameter. The maximum value of 
tensile stress in the 2.0 ȝm pillar is almost 30% higher than that in the 0.6 ȝm 
pillar. Such an increase in the maximum value of tensile stresses is also 
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believed to cause the cracking in the large pillar. In contrast, the pillar with a 
diameter of 0.6 ȝm shows no cracking in the Fe layers, even though the Cu 
layers have bulged severely. 
 
Figure 5.4. Maximum principal strain (left) and stress (right) in the Cu/Fe 
multilayer pillars of different diameters at overall compressive strain of ~10%. 
With respect to the failure behaviour, the large pillars fracture more 
catastrophically than the small pillars. Since the Fe layers are relatively brittle, 
the integrity of the pillar cannot be maintained once the Fe layers crack. This 
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also indicates that no crack suppression mechanism exists in the Cu/Fe 
multilayer pillars. Although the pillar with a diameter of 0.6 ȝm can sustain 
relatively high strains, non-uniform deformation is observed in the Cu layers at 
~7.5% strain, which can potentially lead to the failure of the pillar during 
microcompression. Previous studies suggest that an aspect ratio less than 3:1 is 
desirable for a pillar in microcompression test [27, 204]. The cause of the non-
uniform deformation in the current small pillar is possibly the shape instability 
induced by the high aspect ratio of the pillar, ~5:1.  
5.1.3 Further discussion on the effect of pillar diameter 
From both the microcompression experiments and modelling, it is evident that 
the mechanical behaviour of the Cu/Fe multilayer pillars are strongly affected 
by the pillar diameter. The results suggest a relationship between the pillar 
diameter and strength as “larger is stronger”, which is converse to previously 
reported extrinsic size effect – “smaller is stronger” [33]. The opposing 
extrinsic size effects are attributed to different deformation mechanisms behind 
the single crystal and polycrystalline materials. 
The “smaller is stronger” phenomenon was mostly observed in pillars of single 
crystals. The strengthening mechanism behind this phenomenon was explained 
by the dislocation starvation model [202], which was supported by the 
observation of mechanical annealing [106]. A single-crystal pillar of a small 
diameter is more likely to reach a dislocation-free situation during the early 
stage of deformation than that of a large diameter. Thus, the following 
deformation involves activation of new dislocations under a source-limited 
situation, which results in a higher flow stress. 
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However, the dislocation starvation model is not applicable to polycrystalline 
materials, in which high densities of dislocation sources exist in polycrystalline 
materials. The Cu-Fe thin films and multilayer are polycrystalline materials 
with more than four grains across the smallest dimension. Hence, the motion of 
dislocation is mainly confined by the grain size rather than the external 
dimensions of the pillar. In other words, the change in pillar diameter does not 
affect the distance of dislocation motion. 
Instead, the pillar diameter affects the dimensional constraints of the 
constituent layers in the multilayer pillars. The regions near free surfaces have 
low resistances to deform as the dimensional constraints are weak. Note that 
the strain concentration bands are the regions that have low resistance to the 
plastic flow. The change in pillar diameter alters the volume fraction of low 
resistance regions in the Cu layers (Figure 5.4). The largest pillar has the 
minimum volume fraction of the low resistance regions, and in turn leads to 
the highest flow stress. Therefore, the strengthening in the Cu/Fe multilayer 
pillars are attributed to the reduced volume fraction of the low resistance 
regions as the pillar diameter increases.  
In conclusion, the scaling of flow stress with pillar diameter is a consequence 
of a change in the dimensional constraints to the constituent layers of the 
multilayer pillars, because the dimensional constraints control the distribution 
of deformations in the constituent layers. It is also worth noting that the “larger 
is stronger” phenomenon is proven for the current pillars of polycrystalline 
multilayers, but whether it is applicable to other materials is not clear. If the 
thickness or diameter was similar to the grain size, then the pillar is more 
likely to be a single crystal, and the dislocation starvation model may apply.  
Chapter 5. Extrinsic Size Effects in Pillars of Multilayers 
-132- 
5.2 Microcompression of multilayers with different 
layer thicknesses 
In microcompression test of multilayers, the layer thickness is another 
important characteristic length that controls the mechanical behaviour of the 
pillars. To investigate the effect of layer thickness on the mechanical behaviour 
of metallic multilayers, we conducted microcompression experiments and 
modelling on Cu/Mo multilayers that have different layer thicknesses. This 
section presents the mechanical behaviour of the Cu/Mo multilayer pillars and 
the dependence of flow stress on layer thickness during microcompression. 
5.2.1 Pillars of multilayers with different layer thickness 
Cu/Mo multilayers of different layer thicknesses were deposited by DC 
magnetron sputtering. The total thicknesses of the Cu/Mo multilayers were 
~2.0 ȝm, and different numbers of repetitions were applied to achieve the same 
total thicknesses. Pillars with a diameter of 1.0 ȝm were milled out of the 
Cu/Mo multilayers using the FIB technique, as shown in Figure 5.5. The 
characteristic parameters of the Cu/Mo multilayer pillars are summarized in 
Table 4.1. Certain porosities were observed in the Cu layers due to the 
variation in deposition conditions. The porosity is expected to reduce the flow 
stress of the Cu layers. However, the relationship between the flow stress and 
layer thickness of the pillars can still be investigated qualitatively.  
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Figure 5.5. Pillars of Cu/Mo multilayers with different layer thicknesses ݈௜. 
Table 5.2. Parameters for the Cu/Mo multilayer pillars with different layer 
thicknesses. 
No. Layer thickness ݈௜ (Ɋ) 
Total thickness     
݈௧ (Ɋ) 
Diameter        
݀ (Ɋ) 
Layer aspect 
ratio, ߣ௜ 
1 0.1 2.0 1.0 1:10 
2 0.2 2.0 1.0 1:5 
3 0.5 2.0 1.0 1:2 
4 1.0 2.0 1.0 1:1 
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5.2.2 Strength of pillars with different layer thicknesses 
Microcompression experiments and FE modelling were both performed on the 
Cu/Mo multilayer pillars with different layer thicknesses. Figure 5.6 shows the 
stress-strain curves for the Cu/Mo multilayer pillars with different layer 
thicknesses. A dependence of the flow stress on the layer thickness is observed 
for the Cu/Mo multilayer pillars from both the experimental and modelling 
results. The pillar of the Cu/Mo multilayer with a layer thickness of 1.0 ȝm has 
a much lower flow stress than that with a layer thickness of 0.1 ȝm. This gives 
an impression that “thinner is stronger”. In addition, the pillars with a large 
layer thickness also show better malleability than those with small a layer 
thickness. The pillars with a layer thickness of 0.1 or 0.2 ȝm fractured at 
strains under 5%, which are indicated by the strain bursts in Figure 5.6. In 
contrast, the pillars with layer thickness of 0.5 or 1.0 ȝm still show stable 
deformation behaviours at strains of ~10%.  
The flow stresses at 3% strain ߪଷΨ were extracted and plotted against the layer 
thickness ݈௜ in Figure 5.7. Both the microcompression experiments and FE 
modelling suggest that a small layer thickness leads to a high flow stress. The 
flow stress ߪଷΨ scales exponentially with the layer thickness ݈௜. Since the 
dimensions and material volume fractions are the same in the multilayer pillars 
with different layer thickness, the differences in flow stresses are purely the 
consequences of the different layer thicknesses in the multilayers.  
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Figure 5.6. Stress-strain curves for the Cu/Mo multilayer pillars with different 
layer thickness ݈௜. 
For thin films and multilayers, the layer thickness is an important factor 
regarding to the size effects. When the layer thickness is comparable to the 
grain size, e.g. one crystalline spanning over the entire thickness, the length of 
dislocation motion is affected by the layer thickness due to the blockage of the 
interfaces. When the layer thickness is much larger than the grain size, e.g. 
more than one grains exists across the layer thickness, the dislocation moving 
space is less affected by the layer thickness.  
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Figure 5.7. Dependence of the flow stress ߪଷΨ on the layer thickness ݈௜ for the 
Cu/Mo multilayer pillars with different layer thickness. 
For thin films with a layer thickness comparable to grain size, the flow stress 
has been found to scale with the inverse of layer thickness, ͳȀ݈௜, because the 
layer thickness controlled the activation of the dislocations [301]. In contrast, 
the Cu/Mo multilayers have a grain size much smaller than the layer thickness. 
The FE modelling has demonstrated that the strengthening of the multilayer 
pillars is not contributed by the activation of dislocation sources, because no 
dislocation activation mechanisms are involved in the FE models. In other 
words, the current results imply the strengthening of the multilayer pillars are 
solely attributed to the change in dimensional constraints as the layer thickness 
varies. For a thinner layer, the dimensional constraints imposed by 
neighbouring layers become stronger and it results in a higher flow stress of 
the whole pillar. 
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5.2.3 Deformations in pillars with different layer thickness 
The SEM images (Figure 5.8) provide an overview of the deformation in the 
Cu/Mo multilayer pillars with different layer thicknesses. Sever barrel-like 
shapes were observed in the pillars for a layer thickness of 0.5 ȝm or 1.0 ȝm, 
which are indications of good ductility. In contrast, the pillars with small layer 
thicknesses fracture in the upper portions, while the lower portions only exhibit 
a small amount of deformation in the Cu layers.  
 
Figure 5.8. SEM images of deformed Cu/Mo multilayer pillars with different 
layer thickness ݈௜. 
The FE models provide valuable insights into the deformation inside the 
multilayer pillars, although no fracture mechanism is considered. Figure 5.9 
shows the maximum principal strains in the Cu/Mo multilayer pillars with 
different layer thicknesses, at an overall strain of ~10%. The deformations are 
commonly concentrated in the Cu layers, especially in the top Cu layers. The 
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maximum strains are near the interfaces of the Cu and Mo layers. However, 
the strain distribution in the Cu layers is greatly affected by the layer thickness. 
The multilayer pillar with a layer thickness of 1.0 ȝm has a more evenly 
distributed strain field in the Cu layers than the multilayer pillars with a larger 
layer thickness. As the layer thickness decreases, the strains concentrate more 
severely near the sidewalls in the Cu layers, leading to the bulging of the Cu 
layers. 
 
Figure 5.9 Maximum principal strains (LE, Max. Principal) in the Cu/Mo 
multilayer pillars with different layer thicknesses at an overall strain of ~10%.  
The deformation of the multilayer pillars has common characteristics: (i) the 
regions near the sidewalls are relatively easy to deform, because no constraints 
are applied on the free surfaces; and (ii) the central region of each individual 
layer is confined by the surrounding materials, and a higher load is required to 
induce plastic flow. As a small layer thickness reduces the volume fraction of 
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low resistance regions, the strength of the pillars increases as the layer 
thickness decreases. It is also noted that more deformation takes place in the 
Mo layers as the layer thickness increases, which implies high flow stresses for 
the Cu layers.  
The stress fields inside the pillars are also important to understand the 
mechanical behaviours of the multilayer pillars. Figure 5.10 shows the 
maximum principal stresses inside the Cu/Mo multilayer pillars with different 
layer thicknesses at an overall strain of ~10%. The maximum principal stresses 
in the pillars are closely related to the fracture of the brittle Mo layers. The 
magnitude of maximum principal stresses in the pillars varies with the layer 
thickness, although the overall strains are at the same level. More importantly, 
the principal stresses in the pillars with smaller layer thicknesses not only have 
high magnitudes, but are also distributed across the entire thickness of the Mo 
layers. As a consequence, the Mo layers in the pillars with a small layer 
thickness are more likely to form cracks near the sidewalls, leading to the 
fracture of the multilayer pillars. 
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Figure 5.10. Maximum principal stresses (S, Max. Principal) in the Cu/Mo 
multilayer pillars with different layer thicknesses at an overall strain of ~10%. 
5.3 Discussion 
From previous two sections, the flow stresses of multilayer pillars vary with 
their diameter and layer thickness. On the one hand, with the same layer 
thickness, the flow stresses of the multilayer pillars increases with the pillar 
diameter. On the other hand, for the same pillar diameter, the flow stresses of 
the multilayer pillars decrease as the layer thickness increases. Such size 
effects in multilayer pillars cannot be described by a simple relationship only 
based on either the pillar diameter or layer thickness. In fact, there is a 
collective effect of pillar diameter and layer thickness. The underlying 
parameter that controls such size effects in multilayer pillars is the layer aspect 
ratio (layer thickness/pillar diameter, ߣ௜ ൌ ݈௜Ȁ݀), which reflects the 
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dimensional constraints of the constituent layers. The next section addresses 
the dependence of flow stress on layer aspect ratio, followed by further 
discussions on the influences of intrinsic length scale and relative strengths of 
the constituent layers.  
5.3.1 Effects of layer aspect ratio 
Figure 5.11 shows the stress-strain curves for the Cu/Fe multilayer pillars with 
different layer aspect ratios. The layer aspect ratios are achieved by either 
controlling the pillar diameter ݀ or layer thickness ݈௜. Generally, the same layer 
aspect ratio leads to similar mechanical responses, regardless of the pillar 
diameter and layer aspect ratio. For example, the multilayer pillar with a 
diameter of 2.0 ȝm and layer thickness of 0.2 ȝm has similar flow stress as that 
with a diameter of 1.0 ȝm and layer thickness of 0.1 ȝm. More importantly, the 
flow stress of the pillars increases with the decreasing layer aspect ratio. The 
multilayer pillar with a layer aspect ratio of 1:1 has much lower flow stresses 
than that with a layer aspect ratio of 1:20 (Figure 5.11).  
Moreover, the hardening behaviour of the pillars also change with the layer 
aspect ratio. There are two distinct work-hardening stages observed in the 
multilayer pillars with low layer aspect ratio, which are not observed in those 
with high layer aspect ratios. The two work-hardening stages are attributed to 
the strong dimensional constraints in the multilayers with low layer aspect 
ratios. The Fe layers accommodate part of the deformation when the layer 
aspect ratio is low, as shown in Figure 5.4 and Figure 5.9. The first work-
hardening stage corresponds to deformation in the Cu layers, while the second 
stage is related to deformation in both the Cu and Fe layers, as the flow 
stresses of the Cu layers becomes comparable to the Fe layers. 
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Figure 5.11. Stress-strain curves for the Cu/Fe multilayer pillars with different 
layer aspect ratio ߣ௜, achieved by either keeping constant diameter ݀ or layer 
thickness ݈௜ while changing the other. 
The flow stresses ߪଷΨ were extracted to illustrate the effect of layer aspect 
ratio, as shown in Figure 5.12. A single relation between the flow stress ߪଷΨ 
and layer aspect ratio ߣ௜ is extracted, regardless of the diameter or layer 
thickness, and can be written as  
 ߪଷΨ ൌ ͹ʹͷ ൅ ͳǤͻିହǤହఒ೔ ሺሻ  (5.1) 
When ߣ௜ is infinitely large (݈௜ ب ݀), this exponential relation yields ߪଷΨ ൌ
͹ʹͷ, which is equivalent to the flow stress of Cu at ~3% uniaxial tensile 
strain. This exponential relation provides a general understanding of the effects 
of layer aspect ratio on the flow stress. 
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Figure 5.12. Relationship between the flow stress ߪଷΨ and layer aspect ratio ߣ௜ 
for the multilayer pillars. 
The layer aspect ratio is directly related to the extrinsic length scale of the 
sample, i.e. the pillar diameter and layer thickness. However, the size effect 
caused by the layer aspect ratio is different from the extrinsic size effect in 
single crystals which is attributed to the dislocation starvation. To distinguish 
it from the extrinsic size effects in single crystals, the size effect related to the 
layer aspect ratio is termed here as the artificial extrinsic size effect. Previous 
studies have observed the dependence of flow stress on layer thickness in 
pillars of Cu/ZrCu multilayers [82]. However, the layer aspect ratio has never 
been identified as the key parameter for the artificial extrinsic size effects in 
multilayer pillars. The current study highlights the importance of identifying 
the artificial extrinsic size effect in understanding the strengthening 
mechanism of materials at small scales. To eliminate the artificial extrinsic size 
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effects, the layer aspect ratio needs to be maintained. In other words, the pillar 
diameter and layer thickness have to be scaled simultaneously while studying 
the extrinsic size effects in multilayers. 
5.3.2 Effects of length scale 
Besides the layer aspect ratio, the mechanical behaviour of the multilayer 
pillars also depend on the length scale of the pillars, because the mechanical 
properties of the constituent layers are determined by their intrinsic length 
scales. Although an overall relationship between the flow stress and layer 
aspect ratio are found for pillars with diameter at the order of 1.0 ȝm, the 
relationship is subjected to change when the pillars size are either at a larger or 
smaller scale. As shown in Figure 5.11, the flow stresses of the multilayer 
pillar with a diameter of 2.0 ȝm and layer thickness of 0.2 ȝm deviate slightly 
from those with a diameter of 1.0 ȝm and layer thickness of 0.1 ȝm. The 
mechanism behind this is that the contribution of GNDs differs at different 
length scales even when the layer aspect ratios are the same. For example, 
given that the same layer aspect ratio causes the same strain distribution in a 
layered structure, the required density of GNDs varies with the characteristic 
length scale of the layered structure. The following section studies the 
influence of length scale on the artificial extrinsic size effect by simultaneously 
scaling up/down pillar diameter and layer thickness to different length scales.  
Figure 5.13 shows the stress-strain curves for the Cu/Fe multilayer pillars at 
different length scales while keeping the layer aspect ratio constant at ߣ௜ ൌ
ͳǣ ͳ. Here, the stress-strain curves for pillars with diameters in the range of 
0.1-10 ȝm were predicted by the CMSG plasticity, while that for pillars at the 
macroscale were predicted by the conventional plasticity. The flow stresses 
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predicted by the conventional plasticity provide a lower bound for the pillars at 
the microscale. The stress-strain curves suggest that the pillars with smaller 
diameters are generally stronger, if the layer aspect ratios are kept unchanged. 
This reflects the true extrinsic size effect in the multilayer pillars. 
 
Figure 5.13. Stress-strain curves for the Cu/Fe multilayer pillars with layer 
aspect ratio ߣ௜ ൌ ͳǣ ͳ, but at different length scales. 
Figure 5.14 shows the stress-strain curves for pillars of Cu/Fe multilayers with 
a layer aspect ratio of ߣ௜ ൌ ͳǣ ͳͲ at different length scales. Similarly, the flow 
stress of the pillars increases as the length scale reduces, but the deviations are 
larger than those for pillars with ߣ௜ ൌ ͳǣ ͳ. The dependence of the flow stress 
ߪଷΨ on layer aspect ratio ߣ௜ is shown in Figure 5.15 for pillars at different 
length scales. It is obvious that the length scale is an important parameter that 
affects the mechanical behaviours of the multilayer pillars. With the same layer 
aspect ratio, a smaller pillar size leads to a higher flow stress. The 
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strengthening due to dimensional constraints in the multilayers also becomes 
more effective at smaller length scales. In addition, the dependence of flow 
stress on the layer aspect ratio for multilayer pillars with a diameter of 10 ȝm 
converges to those predicted by the conventional plasticity. This implies that 
the contribution of GNDs becomes negligible when the pillar diameters are 
larger than 10 ȝm. 
 
Figure 5.14. Stress-strain curves for the Cu/Fe multilayer pillars with layer 
aspect ratio ߣ௜ ൌ ͳǣ ͳͲ, but at different length scales. 
Note that the relationship between flow stress and length scale (Figure 5.15) 
represents the true extrinsic size effect in multilayer pillars, which excludes the 
artificial extrinsic size effect. For the artificial extrinsic size effect, either the 
pillar diameter or layer thickness changes while keep the other constant. In 
contrast, the current study scales the pillar diameter and layer thickness 
simultaneously to preserve the layer aspect ratio. Hence, the current study 
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provides insight into the true extrinsic size effect purely caused by the 
existence of GNDs. Therefore, the results also suggest the layer aspect ratio 
needs to be kept constant when studying the extrinsic size effects in the 
multilayer pillars. The strengthening observed for pillars of different diameter, 
while leaving the layer aspect ratio uncontrolled, results in a mixed effect of 
layer aspect ratio and extrinsic sizes. 
 
Figure 5.15. Relationships between the flow stress ߪଷΨ and layer aspect ratio 
ߣ௜ for the multilayer pillars at different length scales. 
5.3.3 Effects of relative strengths 
The relationship between the flow stress and layer aspect ratio certainly varies 
with the mechanical properties of the constituent layers. The effectiveness of 
the dimensional constraints is also influenced by the mechanical properties of 
the constituent layers. A large difference between the strengths of the 
constituent layers generally results in stronger dimensional constraints to the 
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soft layers. By assuming that the constituent layers have different relative 
strengths, the following FE modelling provides insights into the effects of 
material properties of constituent layers on the overall responses of the 
multilayer pillars. 
Figure 5.16 shows the stress-strain curves for the Cu/X multilayer pillars with 
a layer aspect ratio ߣ௜ ൌ ͳǣ ͳ but with the yield stress of the X layer varying 
from ߪ௬େ୳ to ͳͲߪ௬େ୳. A significant increase in the flow stress of the multilayer 
pillars is observed as the yield stress of X layer increases from ߪ௬େ୳ to ʹߪ௬େ୳, 
which reflects the change of a monolithic thin film to a multilayer. However, 
almost no further increase in the flow stress of the multilayer pillar occurs, 
when the yield stress of X layer is above ʹߪ௬େ୳. This implies the effectiveness 
of dimensional constraints is not further contributed by a stronger X layer.  
 
Figure 5.16. Stress-strain curves for the Cu/X multilayer pillars with ߣ௜ ൌ ͳǣ ͳ 
but the yield stress of the X layer ranging from ߪ௬େ୳ to ͳͲߪ௬େ୳. 
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Figure 5.17 shows the stress-strain curves for the Cu/X multilayer pillars with 
ߣ௜ ൌ ͳǣ ͳͲ while the yield stress of the X layer varying from ߪ௬େ୳ to ͳͲߪ௬େ୳. 
The relative strengths of the constituent layers have more profound effects on 
the overall flow stresses of the multilayer pillars with ߣ௜ ൌ ͳǣ ͳͲ. The flow 
stress of the pillars increases significantly as the yield stress of the hard X 
layers increases. In contrast to the pillars with ߣ௜ ൌ ͳǣ ͳ, the flow stress of the 
multilayer pillar continue to increase when the yield stress of the X layer is 
above ʹߪ௬େ୳. This suggests that the relative strengths of the constituent layers 
and layer aspect ratio play interacting roles in the mechanical behaviours of 
multilayer pillars. 
 
Figure 5.17. Stress-strain curves for the Cu/X multilayer pillars with layer 
aspect ratio ߣ௜ ൌ ͳǣ ͳͲ and strength of X layers ranging from ߪ௬஼௨ to ͳͲߪ௬஼௨. 
The dependences of flow stresses ߪଷΨ on layer aspect ratios are shown in 
Figure 5.18 for multilayer pillars with the yield stress of X layer ranging from 
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ߪ௬௑ to ͳͲߪ௬௑. It clearly shows that the relative strengths of the constituent 
layers have more significant impact for multilayer pillars with lower ߣ௜ ratios. 
The reason is that the reduced layer aspect ratio (e.g. ߣ௜ ൌ ͳǣ ͳͲ) signifies the 
dimensional constraints in the Cu layers. The hard X layers are engaged in 
plastic deformation when the flow stresses of the Cu layers become 
comparable to that of the X layers. On the contrary, the dimensional 
constraints are weak in the multilayer pillars with ߣ௜ ൌ ͳǣ ͳ, and the work-
hardening of the pillars are mainly achieved within the Cu layers.  
 
Figure 5.18. Flow stress ߪଷΨ varying with layer aspect ratio ߣ௜ for the Cu/X 
multilayer pillars with strength of X layers ranging from ߪ௬஼௨ to ͳͲߪ௬஼௨ 
In other words, the artificial extrinsic size effect is influenced by the relative 
strength of the constituent layers. The effectiveness of dimensional constraints 
increases as the difference in the yield stress of the constituent layers increases. 
However, the yield stress is only one aspect of the mechanical properties of the 
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constituent layers. The Young’s modulus, Poisson’s ratio, and work-hardening 
rate of the constituent layers are also expected to affect the flow stresses in the 
multilayer pillars. Here, we demonstrate the effect of relative yield stress, but 
the effects of other mechanical properties will be investigated in the future.  
5.3.4 Parameters influencing the flow stress 
The above discussions reveal that the flow stress of a multilayer pillar is 
determined by the layer aspect ratio, length scale, and mechanical properties of 
the constituent layers. The mechanical behaviour of a multilayer pillar can be 
represented by the parameters of a bilayer structure as shown in Figure 5.19. 
Based on dimensional analysis, the flow stress of the multilayer pillar is 
determined by a set of parameters, ςሺܧ஺ǡ ߥ஺ǡ ߪ஺ǡ ݊஺ǡ ܧ஻ǡ ߥ஻ǡ ߪ஻ǡ ݊஻ǡ ߠǡ ߣ௜ሻ. Since 
the size effects become significant at small scales, the length scale ܮ also needs 
to be included in to the parameter set, which is rewritten as 
ςሺܧ஺ǡ ߥ஺ǡ ߪ஺ǡ ݊஺ǡ ܧ஻ǡ ߥ஻ǡ ߪ஻ǡ ݊஻ǡ ߠǡ ߣ௜ǡ ܮሻ.  
 
Figure 5.19. Parameters that influence the flow stress of a multilayer pillar. 
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The yield stress ߪ௬ and work-hardening rate ݊ are the values determined under 
uniaxial conditions. During microcompression of a multilayer pillar, the work-
hardening behaviour is affected by the existence of GNDs and dimensional 
constraints. The dimensions of the layer structure can be described by layer 
aspect ratio ߣ௜ and taper angle ߠ. The layer aspect ratio ߣ௜ is a critical 
parameter that controls the dimensional constraints. As demonstrated above, a 
change in layer aspect ratio can cause artificial extrinsic size effects in 
multilayer pillars. To eliminate the artificial extrinsic size effects, the layer 
aspect ratio needs to be maintained. In other words, the pillar diameter and 
layer thickness have to be scaled simultaneously while studying the extrinsic 
size effects in multilayer. 
The effectiveness of dimensional constraints is also determined by the relative 
strengths of the constituent layers. When the hard layer is much stronger than 
the soft layer, the dimensional constraints are imposed more strictly on the soft 
layers. Otherwise, the strengthening of the soft layers will lead to compliance 
of the hard layers. However, the material property is not limited to the yield 
stress ߪ௬. In fact, it includes the work-hardening rate ݊, Young’s modulus ܧ 
and Poisson’s ratio ߥ. Considering the interaction between the constituent 
layers, the effects of mechanical properties of the constituent layers can be 
intricate.  
According to the CMSG plasticity, the plastic strain gradients and density of 
GNDs depend on the length scale ܮ. The density of GNDs in a multilayer pillar 
increases with a reducing length scale, when the layer aspect ratio is 
unchanged. The current results show that the flow stress of the multilayer 
pillars increases as the pillar size reduces. Apart from its direct contribution to 
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the work-hardening of the constituent materials, GNDs also interplay with the 
dimensional constraints, because the strength of the constituent layers 
influences the effectiveness of the dimensional constraints. 
5.4 Summary 
Microcompression experiments and FE modelling have been carried out on the 
pillars of Cu/Fe and Cu/Mo multilayers with different diameters and layer 
thicknesses. The mechanical behaviours of the multilayer pillars have been 
investigated according to the stress-strain curves and deformation fields from 
both microcompression experiments and FE modelling. The conclusions of the 
current study are summarized as follow: 
1. Both the experimental and modelling results consistently show size effects 
in flow stress with respect to the pillar diameter and layer thickness. On the 
one hand, the flow stress increases with pillar diameter when the layer 
thickness is kept constant. This leads to a deceiving impression that “larger 
is stronger”. On the other hand, with the pillar diameter kept constant, the 
flow stress decreases as the layer thickness increases. This gives another 
impression that “thinner is stronger”.  
2. The layer aspect ratio is discovered as the underlying parameter that 
controls the aforementioned size effects in multilayer pillars. The flow 
stress changes exponentially with layer aspect ratio, regardless of the pillar 
diameter or layer thickness. Multilayer pillars with low layer aspect ratios 
have strong dimensional constraints on the soft layers, which increases the 
flow stresses of the soft layers. The strengthening mechanism related to 
layer aspect ratio is termed as the artificial extrinsic size effect. 
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3. The artificial extrinsic size effect depends on the relative strengths of the 
constituent layers and length scale of the multilayer pillars. The relative 
strengths of the constituent layers affect the strain distributions and 
effectiveness of the dimensional constraints in the multilayer pillars, which 
in turn affects the work-hardening path of the constituent layers. The 
artificial extrinsic size effect is mainly applicable to pillars of 
polycrystalline multilayers that have a grain size much less than the layer 
thickness. It has different underlying mechanism from the extrinsic size 
effects of single crystals. Attentions should be paid to the artificial extrinsic 
size effect when investigating the size effects in multilayer pillars. 
4. Besides the artificial extrinsic size effect, the real extrinsic size effects also 
exist during microcompression. The length scale of the pillar affects the 
density of GNDs, which is a source of extra work-hardening for the 
constituent layers. To eliminate the artificial size effect, the layer aspect 
ratio needs to be kept constant for pillars at different length scales. The 
modelling results from the CMSG plasticity suggest that a smaller 
multilayer pillar has higher flow stresses, when the layer aspect ratio is 
kept constant. 
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6 Nanoindentation of Cu-Fe Thin Films 
and Multilayers 
 
In the previous chapters, microcompression tests were performed on thin films 
and multilayers, to understand their mechanical behaviours under near uniaxial 
loading conditions. To further study the mechanical behaviour of thin films 
and multilayers under more confined deformation conditions, nanoindentation 
tests were performed on the Cu-Fe thin films and multilayers. Furthermore, FE 
models were developed to provide in-depth understanding of their mechanical 
behaviours. This chapter presents the mechanical behaviour of Cu-Fe thin 
films and multilayers observed in the nanoindentation experiments, followed 
by the interpretation and understanding gained from FE modelling. The pile-up 
and sink-in phenomena and indentation size effect are also investigated. 
6.1 Nanoindentation experiments 
Nanoindentation tests have been commonly applied to measure the hardness of 
materials, based on the Oliver-Pharr method [17, 20]. For thin films and 
multilayers, the hardness values are not only determined by their intrinsic 
material properties, but also by the dimensional constraints in the layered 
structure [10, 11, 157, 162, 166, 242, 302]. The layered structure often affects 
the deformation when the indentation depth is comparable to the layer 
thickness. Consequently, it influences the load-displacement response of the 
multilayers. The following sections present the load-displacement curves, 
hardness, and contact profiles for Cu-Fe thin films and multilayers in 
nanoindentation tests, with an emphasis on the distinct mechanical behaviour 
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of Cu/Fe and Fe/Cu multilayers. (Please refer to Chapter 3 for experimental 
details.) 
6.1.1 Load-displacement curves 
The load-displacement curves are the fundamental data obtained from 
nanoindentation tests, from which the hardness can be extracted following the 
Oliver-Pharr method. In the current work, more than 25 indentations were 
made on each thin film or multilayer. The mean load-displacement curves for 
the Cu-Fe thin films and multilayers are shown in Figure 6.1. The maximum 
indentation depth is ~0.2 ȝm, which is equivalent to the individual layer 
thickness of the multilayers. The initial contacts are determined at a loading 
force of 0.05 mN which is less than 2% of the maximum loading force. 
The Fe thin film has much higher resistance to deformation than the Cu thin 
film, while the resistances of the Cu/Fe and Fe/Cu multilayers are in the 
envelope formed by those of the monolithic Cu and Fe thin films. The load-
displacement curves of the Cu/Fe and Fe/Cu multilayer only have slight 
differences. It gives an impression that the layer sequence does not 
significantly affect the hardness measurement. However, it is noted that the 
loading curve of the Cu/Fe multilayer increases more quickly than that of the 
Fe/Cu multilayer. Although the Cu/Fe multilayer has lower resistance at low 
indentation depth, its loading curve surpasses that of the Fe/Cu multilayer 
when the indentation depth is ~0.2 Ɋm. This phenomenon suggests that the 
Fe/Cu multilayer may not always be “harder” than the Cu/Fe multilayer, which 
seems contradictory to the fact that Fe is harder than Cu. The Cu/Fe multilayer 
has higher resistance to indentation after ~0.15 μm indentation depth. 
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Figure 6.1. Load-displacement curves for the Cu-Fe thin films and multilayers 
at indentation depths up to ~0.2 Ɋ. 
6.1.2 Hardness 
By Meyer’s definition, the hardness ܪ is the mean projected contact pressure, 
which is the ratio of the loading force ܲ to the projected contact area ܣ௖, 
written as ܪ ൌ ܲȀܣ௖. In nanoindentation tests, the hardness values can be 
extracted from the load displacement curves using the classic Oliver-Pharr 
method. Figure 6.2 shows the hardness values for the Cu-Fe thin films and 
multilayers at indentation depths up to 0.2 Ɋ.  
The hardness values of the Cu-Fe thin films and multilayers decrease with 
increasing indentation depth. This depth-dependent hardness is commonly 
referred as the indentation size effect in nanoindentation in the range of 0.1 to 
10 Ɋ [148, 149, 151]. The depth-dependent hardness is attributed to the 
existence of plastic strain gradients near the tip of the indenter, which leads to 
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the storage of geometrically necessary dislocations [148]. The extra work-
hardening contributed by the geometrically necessary dislocations becomes 
significant at small indentation depths. As the indentation depth increases, the 
hardness values gradually converge to the macroscale hardness values which 
are not affected by the geometrically necessary dislocations.  
 
Figure 6.2. Hardness values for the Cu-Fe thin films and multilayers at 
indentation depths up to 0.2 Ɋ. 
Based on the assumption that the plastic strain gradient under a conical 
indenter are accommodated by circular loops of geometrically necessary 
dislocations with Burgers vectors normal to the plane of the surface, as shown 
in Figure 6.3, Nix and Gao [148] approximated the density of geometrically 
necessary dislocations in the indentation region as 
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 ߩீ ൌ
͵
ʹܾ݄ 
ଶ ߠ଴ (6.1) 
where, ܾ is the Burger’s vector, ݄ is the indentation depth, and ߠ଴ is the angle 
between the conical indenter and specimen surface. 
 
Figure 6.3. Illustration of geometrically necessary dislocations in the 
indentation region under a conical indenter (following Nix et al. [148]). 
Combining Equation (6.1) with the Taylor relation, 
 ߪ ൌ ξ͵ߙߤܾඥߩௌ ൅ ߩீ (6.2) 
and Tabor relation, 
 ܪ ൌ ͵ߪ (6.3) 
the relationship between the hardness ܪ and indentation depth ݄ can be 
obtained as, 
 ൬
ܪ
ܪ଴൰
ଶ
ൌ ͳ ൅ ݄
כ
݄  (6.4) 
where,  
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 ܪ଴ ൌ ͵ξ͵ߙߤܾඥߩௌ (6.5) 
is the macroscale hardness which is not influenced by the geometrically 
necessary dislocations, and  
 ݄כ ൌ
ͺͳ
ʹ ܾߙ
ଶ ଶ ߠ଴ ൬
ߤ
ܪ଴൰
ଶ
 (6.6) 
is the characteristic indentation depth that represents the depth dependence of 
the hardness. The ݄כ is not a material constant, as it depends on both material 
parameters ሺܾ and ߩௌ) and a geometry parameter (ߠ଴ሻ. Equation (6.4) implies 
that the square of indentation hardness ܪଶ is inversely proportional to the 
indentation depth ݄.  
The dependence of ܪଶ on ͳȀ݄ for the Cu-Fe thin films and multilayers is 
shown in Figure 6.4. For ͳ ݄Τ ൏ ͶͲ, linear relationships are observed between 
ܪଶ and ͳȀ݄. By fitting to Equation (6.4), the ܪ଴ and ݄כ for the Cu-Fe thin 
films and multilayers are obtained (Table 6.1). The macroscopic hardness ܪ଴ 
for the Cu thin film is slightly higher than the cold worked polycrystalline Cu 
reported by Nix [148]. One possible explanation is that the fine grain size in 
the current Cu thin film results in a higher yield stress and hardness.  
It is important to note that the hardness values of the Cu/Fe and Fe/Cu 
multilayers are determined solely based on the load-displacement curves, and 
the dimensional constraints exerted by the layered structure have not been 
considered. Hence, the hardness values of the Cu/Fe and Fe/Cu multilayers 
deviate away from their true values, which will be discussed according to the 
results from FE modelling in the following sections. 
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Figure 6.4. Relationship between ܪଶ and ͳȀ݄ for the Cu-Fe thin films and 
multilayers. 
 
Table 6.1. Macroscopic hardness ܪ଴ and characteristic indentation depth ݄כ for 
Cu-Fe thin films and multilayers. 
 Cu Cu/Fe Fe/Cu Fe 
ܪ଴ ሺ
ሻ 1.15 2.88 4.08 9.30 
݄כሺɊሻ 0.63 0.34 0.07 0.04 
 
6.1.3 Contact profiles 
The projected contact area is a critical parameter in determining the hardness 
of materials, and this is directly related to the contact profile during 
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nanoindentation. The contact profile is determined by the shape of the indenter 
and mechanical properties of the tested material. Materials with low work-
hardening rates are prone to pile up, while those with high work-hardening 
rates are more likely to sink in [147]. For multilayers, the pile-up or sink-in is 
commonly exaggerated due to the dimensional constraints applied by the 
substrate or neighbouring layers [157]. Figure 6.5 shows the residual 
indentation impressions for the Cu-Fe thin films and multilayers after 
Berkovich indentation up to ~0.2 ȝm.  
The monolithic Cu thin film exhibits a small amount of pile-up, while the 
monolithic Fe thin film has a relatively flat surface. Since the magnitude of 
pile-up in the Cu thin film is small, the Oliver-Pharr method can be applied to 
extract hardness with reasonable accuracy. It is also noted that the Cu thin film 
has a deeper residual indentation depth than the Fe thin film, because the 
elastic recovery in the Fe thin film is larger. Note that the area of the residual 
indentation impression is often measured after unloading, whereas the true 
contact area during nanoindentation differs from the residual indentation 
impression. However, the residual indentation impression is a qualitative 
indicator for the contact profile during nanoindentation. 
In contrast to the monolithic thin films, the Cu/Fe multilayer exhibits 
significant pile-up, while the Fe/Cu multilayer shows profound sink-in. The 
pile-up and sink-in concentrate along the facets of the Berkovich indenter, and 
their magnitudes reach a peak on the mid-line of the facets. In the Cu/Fe 
multilayer, the maximum pile-up height is around 20% of the indentation 
depth. Remind that the indentation depth is comparable to the layer thickness 
in the current nanoindentation test. The dimensional constraints in the 
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multilayers become important factors in determining the deformation in the top 
layers, which potentially leads to uncertainties in the load-displacement 
responses.  
 
Figure 6.5. AFM images of the residual indentation impressions for the Cu-Fe 
thin films and multilayers. The inset curves are the heights along the red lines. 
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The exaggerated pile-up in the Cu/Fe multilayer is believed to be caused by the 
dimensional constraints in the soft/hard layered structure. Since the Fe layers 
are stronger than the Cu layers, the underlying Fe layer confines the plastic 
flow in the top Cu layer. When the indentation depth increases, the Cu in the 
indentation region is forced to flow along the facet to form a pile-up. As a 
consequence, the contact area becomes larger than that without pile-up. This 
explains the more rapid increase in the loading force indicated by the load-
displacement curves of the Cu/Fe multilayer in Figure 6.1. 
In contrast, the Fe/Cu multilayer shows large deflected areas in the periphery 
of the indentation region, which is an apparent sign of sink-in. Such 
exaggerated sink-in is also attributed to the layered structure, but with the 
hard/soft layer consequence in the Fe/Cu multilayer. The direct consequence of 
sink-in is the reduction in contact area, which decreases the loading force at a 
given indentation depth. Therefore, with the combination of pile-up in the 
Cu/Fe multilayer and sink-in in the Fe/Cu layer, the loading curve of the Cu/Fe 
multilayer becomes higher than that of the Fe/Cu multilayer as the indentation 
depth increases (Figure 6.1). 
The severe pile-up and sink-in in the Cu/Fe and Fe/Cu multilayers strongly 
affect the evaluation of hardness with the Oliver-Pharr method. In the Oliver-
Pharr method, the contact depth is estimated according to the load-
displacement curves, and no pile-up or sink-in is considered. The projected 
contact area estimated by the Oliver-Pharr method deviates away from the true 
contact area when severe pile-up or sink-in occurs. Previous studies showed 
that the contact area can be underestimated by as much as 50%, when severe 
pile-up took place [28, 145]. For the current Cu/Fe multilayer, the projected 
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area of the residual indentation impression was measured to be 1.36 Ɋଶ from 
the AFM image. The projected contact area estimated by the Oliver-Pharr 
method is 1.11 Ɋଶ. Hence, an error of ~18% is expected in the hardness 
values for the Cu/Fe multilayer determined by the Oliver-Pharr method.  
6.2 FE modelling of nanoindentation of Cu-Fe thin 
films and multilayers  
FE models were developed to simulate the nanoindentation tests of Cu-Fe thin 
films and multilayers. The aim of the FE modelling is to provide deeper 
insights into the mechanical behaviour of the Cu-Fe thin films and multilayers 
during nanoindentation. The detailed deformation fields and contact profiles 
provided by FE modelling can potentially overcome the deficiency of the 
Oliver-Pharr method. For instance, the pile-up or sink-in during 
nanoindentation can be identified based on the displacement fields, and the 
true contact areas can be determined according to the contact pressure in the 
FE models.  
6.2.1 Load-displacement curves predicted by FE modelling  
Similar to nanoindentation experiments, the load-displacement curves can be 
directly obtained from the FE models. The material properties of Cu and Fe 
extracted from microcompression tests were used as inputs for the FE models. 
The maximum indentation depths were controlled to be ~0.2 ȝm, which is the 
same level as the experiments. In addition, the modelled load-displacement 
curves were offset to have zero displacement at 0.05 mN, following the same 
criteria for initial contact determination in the experiments. The load-
displacement curves of the Cu-Fe thin films and multilayers predicted by the 
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FE models are in good agreement with those from the experiments, as shown 
in Figure 6.6. 
According to the load-displacement curves from the FE models, the Fe thin 
film has higher resistance than the Cu thin film during indentation, whereas the 
Cu/Fe and Fe/Cu multilayers are in-between the Cu and Fe thin films. 
Moreover, the modelling results also show that the load-displacement curve of 
the Cu/Fe multilayer exhibits a higher rate of increase than the Fe/Cu 
multilayer, and the resistance in the Cu/Fe multilayer becomes higher than the 
Fe/Cu multilayer at an indentation depth of ~0.2 ȝm. These observations are 
consistent with the experimental results.  
However, the load-displacement curves predicted by the FE models are 
slightly below the experimental curves at small indentation depths. This 
discrepancy is possibly caused by the surface roughness in the experiments, 
whereas the surface of the specimen in FE model was assumed to be smooth 
and flat. Discrepancies are also found between the unloading curves from the 
experiment and FE modelling, especially in the Fe thin film. The cause of this 
discrepancy is not clear at this stage, but one possible explanation is that the 
weak intergrain strength reduces both the strength and stiffness of the Fe thin 
film in experiments. 
In general, the FE models have successfully simulated the load-displacement 
curves for the Cu-Fe thin films and multilayers. The mechanical behaviour of 
the Cu-Fe thin films and multilayers can now be investigated qualitatively 
using these models. 
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Figure 6.6. Load-displacement curves for the Cu-Fe thin films and multilayers 
obtained from FE modelling and experiments. 
6.2.2 Contact profiles predicted by FE modelling 
In the FE models, the displacements and deformations in the materials are 
numerically calculated. One of the valuable quantities is the displacement in 
the loading direction, ଶ, which is an indicator for pile-up and sink-in during 
nanoindentation. Figure 6.7 shows the contours of ଶ for the Cu-Fe thin films 
and multilayers after indentation up to 0.2 ȝm. The positive values (red) of ଶ 
indicate that the materials flow upwards, while the negative values (blue) of ଶ 
mean that the materials are compressed downwards. The contours were 
tessellated according to the six-fold symmetry of the Berkovich indenter to 
obtain full indentation impressions. 
The Cu and Fe thin films exhibit no significant pile-up or sink-in and have 
relatively flat periphery of the residual indentation impressions. In contrast, the 
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Cu/Fe multilayer shows appreciable pile-up surrounding the indentation 
impression, as indicated by the red regions in the contour, whereas the Fe/Cu 
multilayer has profound sink-in in the periphery of the residual indentation 
impression, as indicated by the enlarged deflection region. In general, the 
residual indentation impressions predicted by the FE models agree well with 
the AFM observations (Figure 6.5). This also validates the current FE models 
for studying the mechanical behaviours of thin films and multilayers. 
  
 
Figure 6.7. Contours of the displacements in the loading direction (ଶ) for the 
Cu-Fe thin films and multilayers after indentation up to 0.2 Ɋ. 
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Besides the topological study of the contact profiles, it is also valuable to 
understand the displacements under the surfaces of the materials. Figure 6.8 
shows the cross-sectional views of the residual indentation impressions for the 
Cu-Fe thin films and multilayers, which were cut across the mirror plane of the 
Berkovich indenter. These cross-sectional views resemble the topological lines 
in the AFM images, but with detailed displacement fields under the surfaces. 
The characteristics of the displacement fields in the indentation regions are 
informed by the contours, which are not obtainable in experiments. 
 
 
Figure 6.8. Cross-sectional views of the displacements in the loading direction 
(ଶ) for the Cu-Fe thin films and multilayers after indentation up to ~0.2 Ɋ. 
(The cross-sections were cut along the mirror plane of the Berkovich indenter.) 
The first point to note is that the Cu thin film transmits the displacement 
deeper than the Fe thin film. This is attributed to the Cu thin film having a 
lower work-hardening rate than the Fe thin film. Second, the displacement 
fields are greatly disturbed by the layered structure in the Cu/Fe and Fe/Cu 
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multilayers, and a discontinuity occurs at the interfaces of Cu and Fe layers. 
Furthermore, the pile-up in the Cu/Fe is composed of a region that has a depth 
almost 40% of the indentation depth (ͲǤͶ݄). 
One advantage of the FE modelling is that the instant contact areas can be 
calculated during nanoindentation based on the contact pressure. Figure 6.9 
shows the contact pressure in the Cu-Fe thin films and multilayers at 0.2 ȝm 
indentation depth. It not only conveys information on the size of the contact 
areas, but also presents the distributions of contact pressure in the indentation 
regions. In the Cu and Fe thin films, the contact pressure is a maximum under 
the edges of the Berkovich indenter, and is relatively low under the facets.  
For the multilayers, the dimensional constraints in the layered structure 
influence the distribution of contact pressure. The Cu/Fe multilayer not only 
has an enlarged contact area, but also exhibits a transition of high pressure sites 
from the edges to the very tip of the indenter. On the contrary, the Fe/Cu 
multilayer exhibits reduced contact area with concentrated contact pressure at 
the corners of the contact area. 
As the hardness value is defined as the mean contact pressure in the 
indentation region, the variation in the contact pressure due to the geometric 
features of the indenter and dimensional constraints in the indentation region 
suggest that the Meyer’s hardness only is not sufficient to characterise the 
mechanical properties of multilayers. It is evident that the contact pressure 
distribution changes with pile-up and sink-in. However, the relationships 
between the contact pressure distribution and pile-up or sink-in still cannot be 
established quantitatively. A hardness definition that considers the distribution 
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of contact pressure in the indentation region seems a promising way to better 
represent the mechanical properties of materials. FE modelling can help 
solving this puzzle as shown in the following. 
 
 
Figure 6.9. Contours of the contact pressure (CPRESS) in the Cu-Fe thin films 
and multilayers at 0.2 ȝm indentation depth. 
The contact area calculated based on the contact pressure is regarded as the 
true contact area during nanoindentation, which cannot be approximated by the 
Oliver-Pharr method, or even AFM imaging in experiments, because the 
amount of elastic recovery is often unknown. The dependences of projected 
contact area ܣ௖ on indentation depth ݄ for the Cu-Fe thin films and multilayers 
up to 0.2 ȝm indentation depth are shown in Figure 6.10, along with the ideal 
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curve for a perfect Berkovich indenterܣ୧ୢୣୟ୪ for comparison. Note that the 
wavy lines are the consequence of the discretised elements in the FE models.  
The projected contact areas in the monolithic Cu and Fe thin films are close to 
the ideal values for a Berkovich indenter. On the contrary, the projected 
contact areas in the Cu/Fe multilayer become much larger than the ideal values 
due to pile-up. At 0.2 ȝm indentation depth, the projected contact area is 
almost 20% larger than the ideal value. On the other hand, the projected 
contact areas in the Fe/Cu multilayer are well below the ideal values, and the 
deviation is ~23% at 0.2 ȝm indentation depth. The relationships between the 
projected contact area and indentation depth are consistent with the residual 
indentation impressions observed both in AFM images from experiments and 
displacement contours from FE modelling. The accurate determination of 
projected contact area facilitates the following calculation of true hardness 
values for the materials, especially where severe pile-up or sink-in occurs. 
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Figure 6.10. Dependence of projected contact area ܣ௖ on indentation depth ݄ 
for the Cu-Fe thin films and multilayers up to 0.2 ȝm indentation depth. 
6.2.3 Hardness predicted by FE modelling 
As discussed in the previous sections, the loading force and projected contact 
area can be numerically determined in the FE models. Consequently, the 
hardness can be calculated by ܪ ൌ ܲ ܣ௖Τ , which is regarded as the true 
hardness in the model, because the projected contact area ܣ௖is the true 
projected contact area during indentation. The hardness of the Cu-Fe thin films 
and multilayers at indentation depth up to 0.2 ȝm are shown in Figure 6.11, 
along with those determined by the Oliver-Pharr method in the experiments. 
The hardness values predicted by the FE models also depend on the 
indentation depth, but the relationships differ from those determined by the 
Oliver-Pharr method in the experiments. Two deformation stages are identified 
during nanoindentation according to the ܪ െ ݄ curves. In the first stage, the 
hardness increases drastically with increasing indentation depth. This stage is 
attributed to the significant fraction of elastic deformation at small indentation 
depths. The slope of the ܪ െ ݄ curve at this stage is determined by both the 
elastic modulus of the material, the tip radius of the indenter, and the ratio of 
elastic deformation to plastic deformation.  
As the indentation depth increases, plastic deformation takes over and 
dominates the deformation in the indentation region, which is the second stage 
shown in the ܪ െ ݄ curves. In the second stage, the hardness of the monolithic 
Cu and Fe thin films decreases with the increasing indentation depth. As 
shown in Section 5.1.2, this indentation size effect can be explained by the 
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strain gradients in the indentation regions [148]. The decreasing hardness 
reflects the effect of plastic strain gradients in the indentation region. As the 
plastic strain gradients mainly concentrate in the regions near the tip, the effect 
of plastic strain gradients gradually diminishes as the indentation depth 
increases. Compared to the experimental values, the hardness values for the 
monolithic Cu and Fe thin films predicted by the FE models are lower at 
indentation depths <0.1 ȝm, but converge at higher indentation depths. The 
discrepancies between the experimental and modelling values are attributed to 
the inaccurate estimation of contact area at small indentation depths in the 
experiments.  
 
Figure 6.11. The dependence of hardness ܪ on the indentation depth ݄ for the 
Cu-Fe thin films and multilayers up to 0.2 ȝm indentation depth. 
In the multilayers, both the plastic strain gradients and dimensional constraints 
introduce size effects into the hardness values. On the one hand, the plastic 
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strain gradients contribute extra work-hardening into the constituent layers, but 
their effectiveness reduces as the indentation depth increases. Hence, a 
reduction in hardness is expected as the indentation depth increases. On the 
other hand, the soft/hard layered structure confines the deformation of top Cu 
layer in the Cu/Fe multilayer, while the hard/soft layered structure relieves the 
deformation of the top Fe layer in the Fe/Cu multilayer. Consequently, the 
hardness values of the Cu/Fe multilayer are expected to increase and those of 
the Fe/Cu multilayer are expected to decrease, as the indentation depth 
increases. Therefore, the combined effects of plastic strain gradients and 
dimensional constraints lead to dramatic decreases in the hardness values for 
the Fe/Cu multilayer and a U-shaped hardness curve for the Cu/Fe multilayer.  
It is noted that the experimental ܪ െ ݄ curve for the Cu/Fe multilayer does not 
capture the increase in hardness as the indentation depth increases. Instead, it 
overestimates the hardness over the entire range of indentation depths. The 
reason is that the Oliver-Pharr method is not able to account for the severe 
pile-up in the Cu/Fe multilayer. The deficiency of the Oliver-Pharr method is 
also reflected in the underestimated hardness values in the experiments for the 
Fe/Cu multilayer. Failing to account for pile-up and sink-in in the Cu/Fe and 
Fe/Cu multilayers produces a deceiving impression that the Cu/Fe and Fe/Cu 
reach the same hardness at 0.2 ȝm indentation depth. However, the FE 
modelling results rectify the hardness values for the Cu/Fe and Fe/Cu 
multilayers; the Fe/Cu multilayer possesses higher hardness than the Cu/Fe 
multilayer, even though the loading force for the Cu/Fe multilayer is higher 
than the Fe/Cu multilayer at a given indentation depth. 
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The deviations in the Oliver-Pharr method caused by pile-up or sink-in are also 
reflected in the relationships between the ܪଶ and ͳȀ݄ for the Cu/Fe and Fe/Cu 
multilayers (Figure 6.12). For the monolithic Cu and Fe thin films, the linear 
relationships are only applicable to indentation depths larger than 0.5 ȝm 
(ͳȀ݄ ൏ ʹͲሻ, at which the deformations are fully plastic. At small indentation 
depth ሺͳȀ݄ ൐ ʹͲሻ, ܪଶ becomes much lower than the linear relationship, 
because a large fraction of elastic deformations is involved. In brief, the 
hardness values calculated by the Oliver-Pharr method smear the size effect at 
the elastic deformation stage and the effects of pile-up and sink-in in the 
multilayers. 
 
Figure 6.12. Relationship between ܪଶ and ͳȀ݄ predicted by the FE models for 
the Cu-Fe thin films and multilayers. 
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6.2.4 Deformations in the Cu-Fe thin films and multilayers 
The measurement of hardness reflects the capability of the material to resist 
deformation under external loading. Understanding how the material deforms 
in the indentation region is of great importance to correctly interpret the 
hardness values. For thin films and multilayers, it is also important to 
understand how the dimensional constraints affect the deformation in the 
indentation regions. In nanoindentation experiments, the hardness values 
extracted from the load-displacement curves only give the overall response of 
the material, while the actual deformation in the indentation regions cannot be 
revealed. However, with FE models, it is possible to scrutinize the 
deformations taking place inside the indentation regions. 
Figure 6.13 shows the distributions of maximum principal strain on the 
surfaces of the Cu-Fe thin films and multilayers at an indentation depth of 0.2 
ȝm. The strain fields imitate the geometric features of the Berkovich indenter, 
i.e. the edges and facets. The strains concentrate under the edges of the 
Berkovich indenter, and reach the maximum value near the tip of the indenter. 
In previous work, the Berkovich indentation was commonly approximated by a 
conical indenter with 70.3° apex angle merely based on the relationship 
between the projected contact area and indentation depth, which does not 
represent the real geometric features of the Berkovich indenter [145, 162]. The 
large difference in the deformation fields under the edges and facets of the 
Berkovich indenter implies that the geometric features are indispensable in 
modelling the Berkovich indentation.  
Figure 6.14 shows the distributions of maximum principal strain inside the Cu-
Fe thin films and multilayers at an indentation depth of 0.2 ȝm. The strain 
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fields are greatly influenced by the layered structures. The strains in the Cu/Fe 
multilayer are much more severe than those in the monolithic thin films. It is 
also noted that the deformation under the facets is mainly localized in the 
region near the interface of the top Cu and second Fe layers, and low strain 
zones were formed near the surface between the pile-up regions and the tip. In 
the Fe/Cu multilayer, the top Fe layer has lower deformation compared to the 
monolithic Fe thin film, but the second Cu layer shows a higher level of strain. 
The interfaces of the Cu and Fe layers are still the most deformed regions. In 
contrast, the strain fields in the monolithic Cu and Fe thin films are distributed 
over a hemisphere of radius around 5݄, where ݄ is the indentation depth. 
 
Figure 6.13. Maximum principal strains (LE, Max. Principal) on the surfaces 
of the Cu-Fe thin films and multilayers at an indentation depth of 0.2 ȝm. 
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According to the above observations, it is obvious that the layered structure 
and layer sequence have profound effects on the deformation in multilayers. 
Therefore, the hardness values measured by indentation tests possess complex 
information of the mechanical properties of multilayers, which also suggest 
that a deeper understanding is needed for interpreting the hardness 
measurements of multilayers. 
 
Figure 6.14. Maximum principal strains (LE, Max. Principal) inside the Cu-Fe 
thin films and multilayers at an indentation depth of 0.2 ȝm. 
6.2.5 Geometrically necessary dislocations in nanoindentation 
As discussed above, the size effects are significant in nanoindentation at small 
indentation depths, especially for the multilayers. They are partially attributed 
to the plastic strain gradients in the indentation region, which lead to the 
storage of geometrically necessary dislocations. The existence of GNDs 
contributes extra work-hardening to the material during nanoindentation. 
Hence, it is valuable to investigate the distribution of GNDs in the indentation 
regions for the Cu-Fe thin films and multilayers, which can shed lights on the 
size effects in thin films and multilayers. With the implementation of the 
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CMSG plasticity, the density of GNDs can be calculated according to the 
plastic strain gradients in the current FE models.  
Figure 6.15 shows the densities of GNDs on the surfaces of the Cu-Fe thin 
films and multilayers at an indentation depth of 0.2 ȝm. The GNDs accumulate 
under the edges of the Berkovich indenter and the maximum densities are 
found near the tip of the indenter. The edges of the Berkovich indenter 
introduce discontinuities in the surface curvatures as the neighbouring facets 
are oriented at angles. The curvatures are further increased near the 
circumference of the rounded portion of the tip, which corresponds to the 
locations of the maximum densities of GNDs. In addition, the GNDs are more 
saturated in the Cu/Fe multilayer, while much lowered in the Fe/Cu multilayer.  
 
Figure 6.15. Densities of GNDs on the surfaces of the Cu-Fe thin films and 
multilayers at an indentation depth of 0.2 ȝm. 
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The cross-sectional views (Figure 6.16) illustrate the detailed distribution of 
GNDs inside the Cu-Fe thin films and multilayers. The GNDs mainly 
accumulate near the surface in the monolithic Cu and Fe thin films, where the 
strongest geometry confinements are enforced by the indenter. Besides the 
regions immediately under the edges of the indenter, the GNDs accumulate 
near the interfaces between the Cu and Fe layers in the Cu/Fe and Fe/Cu 
multilayers. It is also noted that the Cu layers store much more GNDs than the 
Fe layers, particularly in the Cu/Fe multilayer, as the Fe layers have a higher 
resistance to deformation. 
 
Figure 6.16. Distributions of GNDs inside the Cu-Fe thin films and multilayers 
at an indentation depth of 0.2 ȝm. 
In general, the distribution of GNDs in the multilayers can be summarized by 
the following characteristics: (i) GNDs accumulate in the regions where the 
curvature of the indenter changes, e.g. the edges of the indenter and the 
transition section of the rounded tip to the facets; (ii) GNDs accumulate in the 
interfaces of materials that have different deformation capacities; and (iii) the 
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layered structure can effectively confine or transmit GNDs depending on the 
relative strength of the constituent layers. 
6.3 Size effects in nanoindentation 
From the above discussions, indentation size effects are evident in 
nanoindentation tests. The storage of GNDs is the main contribution to the 
indentation size effect in monolithic materials, while the dimensional 
constraints also lead to depth-dependent hardness in multilayers when the 
indentation depth is comparable to the layer thickness. The storage of GNDs is 
determined by the plastic strain gradients and the intrinsic length scale of the 
material, whereas the dimensional constraints can be influenced by the layer 
sequence and relative strength of the constituent layers in multilayers. The 
following sections investigate the main factors that influence the size effects in 
nanoindentation by FE modelling, including the plastic strain gradients, tip 
radius of the indenter and dimensional constraints in multilayers. 
6.3.1 Effects of geometrically necessary dislocations 
One important question concerning the indentation size effect is how 
significantly the plastic strain gradients can contribute to the hardness values at 
different indentation sizes. The current FE models are implemented with the 
CMSG plasticity to consider the effects of plastic strain gradients and 
corresponding GNDs. Without considering the plastic strain gradients, the 
CMSG plasticity falls back to the conventional plasticity [219]. Hence, the 
current FE models provide an opportunity to answer the above question by 
numerically including or excluding the plastic strain gradients. In this section, 
the hardness values predicted by the CMSG plasticity approach are compared 
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with those predicted by conventional plasticity approach to reveal the effects 
of GNDs. 
Figure 6.17 shows the hardness values of the Cu-Fe thin films and multilayers 
predicted by the CMSG plasticity and conventional plasticity approaches, up to 
0.2 ȝm indentation depth. The hardness values predicted by the conventional 
plasticity approach can be regarded as Berkovich indentations at the macro-
scale. The results from the conventional plasticity show that the monolithic Cu 
and Fe thin films have constant hardness values of ~2 GPa and ~10 GPa, 
respectively. These are the hardness values assuming that the plastic strain 
gradients do not contribute to the work-hardening behaviour.  
 
Figure 6.17. Hardness predicted by the CMSG and conventional plasticity for 
the Cu-Fe thin films and multilayers up to an indentation depth of 0.2 ȝm. 
The existence of GNDs changes the behaviour of the Cu-Fe thin films and 
multilayers. The hardness values predicted by the CMSG plasticity approach 
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are higher than those by the conventional plasticity approach at the plastic 
deformation stage, but gradually converge to the values from the conventional 
plasticity approach as the indentation depth increases. This suggests that the 
effect of the plastic strain gradients is most significant at small indentation 
depths. In addition, the effect of the plastic strain gradients is more significant 
in the Cu thin film than the Fe thin film. The hardness value of the Cu thin film 
increases by up to 135% due to the contribution of GNDs, while that of the Fe 
thin film increases by only 25%. 
The effects of the plastic strain gradients are more complicated in the Cu/Fe 
and Fe/Cu multilayers, because of the interplay between the dimensional 
constraints and plastic strain gradients. However, the ܪ െ ݄ curves predicted 
by the conventional plasticity approach discern the effects of dimensional 
constraints in the multilayers without the GNDs affecting the work-hardening 
behaviour. The dimensional constraints in the Cu/Fe multilayer result in a 
steady increase in hardness with the indentation depth. In contrast, the 
hardness of the Fe/Cu multilayer decreases dramatically with indentation 
which is attributed to the dimensional constraints in the hard/soft layered 
structure.  
With the GNDs contributing to the work-hardening, the hardness values of the 
Cu/Fe and Fe/Cu multilayers are raised by significant amounts, as indicated by 
the solid curves in Figure 6.17. However, different depth-dependencies are 
observed for the Cu/Fe and Fe/Cu multilayers. For the Fe/Cu multilayer, both 
the plastic strain gradients and dimensional constraints lead to a reduction in 
hardness as the indentation depth increases. In contrast, the plastic strain 
gradient and dimensional constraint become two competing factors in the 
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Cu/Fe multilayer, because the dimensional constraints lead to an increase in 
hardness as the indentation depth increases. Hence, a U-shaped ܪ െ ݄ curve is 
observed in the Cu/Fe multilayer. At small indentation depths, the plastic 
deformation field has not been disturbed by the underlying Fe layer and the 
effect of the plastic strain gradient decreases with indentation depth. As the 
indentation goes deeper, the underlying Fe layer starts to confine the 
deformation in the top Cu layer, and the effect of the dimensional constraints 
overtakes the reduction in plastic strain gradients.  
Note that the plastic strain gradients and dimensional constraints are not 
mutually exclusive factors. Instead, the dimensional constraints inherently 
affect the plastic strain gradients and the plastic strain gradients also influence 
the effectiveness of the dimensional constraints. It is not practical to 
completely separate these two factors. The current results from the CMSG 
plasticity approach represent the collective effects of the plastic strain 
gradients and dimensional constraints in the Cu/Fe and Fe/Cu multilayers.  
6.3.2 Effects of tip radius 
The tips of the sharp indenters are often rounded due to wear, and the radius 
gradually increases after usage. A tip radius of 50-100 nm is common for a 
new Berkovich indenter, while a tip radius of ~0.2 ȝm is also common for a 
Berkovich indenter with use [26]. The uncertainty in the tip radius introduces 
errors in the estimation of contact area in the Oliver-Pharr method. Calibration 
is often needed to correct the area profile of the indenter. However, the 
deformation field induced by the indenters also varies with tip radius. This 
artefact usually cannot be eliminated by area function calibration. This section 
Chapter 6. Nanoindentation of Cu-Fe Thin Films and Multilayers 
-186- 
investigates the effects of tip radius in nanoindentation of the Cu-Fe thin films 
and multilayers.  
The tip radius affects the distribution of the plastic strain gradients and 
corresponding GNDs in the indentation regions, which in turn influences the 
size effect. The indenter with larger tip radius induces less plastic strain 
gradients and GNDs into the indentation region, regardless of the underlying 
materials. The distributions of GNDs in the Cu thin films are shown in Figure 
6.18, as a typical example for the GND density changing with tip radius. It is 
also obvious that the GNDs concentration sites become further away from the 
central points, as the tip radius increases, which leaves the central regions as 
low GND density zones.  
 
Figure 6.18. Distributions of the GNDs in the Cu thin film deformed by 
Berkovich indenters with tip radius ܴ ranging from 0.1 Ɋ to 0.4 Ɋ. 
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Figure 6.19 shows the ܪ െ ݄ curves for the Cu-Fe thin films and multilayers 
characterised by Berkovich indenters with a tip radius ܴ ranging from 0.1 ȝm 
to 0.4 ȝm. Generally, the indenter with the larger tip radius gives smaller 
hardness values. This suggests that the effect of GNDs is less significant for an 
indenter with larger tip radius. The reason is that the plastic strain gradients are 
directly related to the radius for a circular shaped tip, written as, ߩீ ൌ ͳȀܾܴ 
[148, 303]. Hence, a larger tip radius requires less GNDs to accommodate the 
plastic strain gradients.   
 
Figure 6.19. The ܪ െ ݄ curves for the Cu-Fe thin films and multilayers 
characterised by indenters with tip radius  ranging from 0.1 ȝm to 0.4 ȝm.  
Notwithstanding, the hardness values predicted by the indenters of different tip 
radiuses converge as the indentation depth increases. In other words, the 
influence of the tip radius is only significant at very small indentation depths. 
This is possibly attributed to the reduced fraction of the tip region to the total 
indentation region at larger indentation depths. Therefore, the hardness 
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measurement would not be significantly affected by the tip radius at large 
indentation depths, but the hardness values should be interpreted with caution 
at low indentation depths.  
It is worth noting that the hardness values of the Fe/Cu multilayer extracted 
from indenters of different tip radii show a cross over at an indentation depth 
of around 0.05 ȝm. This is attributed to the opposing effects of the plastic 
strain gradients and dimensional constraints on the hardness as the indentation 
depth increases. An indenter with a larger tip radius greatly reduces the effect 
of plastic strain gradient on deformation, but enhances the effect of the 
dimensional constraints. 
6.3.3 Effects of relative strengths in soft/hard multilayers 
The deformations are affected by the dimensional constraints exerted by the 
layered structures, as demonstrated in the Cu/Fe and Fe/Cu multilayers. With 
respect to layer sequence, the layered structures can be divided into two types, 
the soft/hard and hard/soft bilayers. The relative strengths of the constituent 
layers are key factors that determine the effectiveness of dimensional 
constraints. In this section, the effects of relative strengths of constituent layers 
on the indentation size effect in Cu/X multilayers are investigated by assigning 
different yield stresses to the hard X layers. 
Figure 6.20 shows the displacements in the loading direction and densities of 
GNDs at 0.2 ȝm indentation depth in the Cu/X multilayers with the ߪ௬ଡ଼ varying 
from ߪ௬େ୳ to 8ߪ௬େ୳. The effect of dimensional constraints is enhanced when the 
yield stress of the hard X layer increases. As a consequence, the top Cu layers 
show exaggerated pile-up, and the displacements in the second layers are 
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Figure 6.20. Displacements in loading direction (left column) and densities of 
GNDs (right column) in the Cu/X multilayers with ߪ௬େ୳Ȁߪ௬ଡ଼ varying from 1:1 
to 1:8. 
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greatly reduced. The density of GNDs is intensified in the top Cu layers, both 
in the regions under the edges of the indenter and at the interfaces of the Cu 
and Fe layers. 
The relationships between the hardness and indentation depth are shown in 
Figure 6.21 for the Cu/X multilayers with ߪ௬େ୳Ȁߪ௬ଡ଼ varying from 1:1 to 1:8. 
The hardness values are not affected by the material properties of the second 
layers at indentation depths of less than 0.05 ȝm. This suggests that the 
deformation field has not reached the second layer for indentation depths less 
than 25% of the layer thickness. Once the deformation field expands beyond 
the Cu layer, the second layer starts to influence the effective hardness values 
of the Cu/X multilayers. As mentioned above, the second layer is stronger than 
the top layer, and this forces the top layer to accommodate more plastic 
deformation. The effectiveness of the dimensional constraints is augmented as 
the yield stress of the hard X layer increases. More dramatic increases in the 
hardness values are observed when the hard X layers are much stronger than 
the top Cu layer.  
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Figure 6.21. Relationships between the hardness ܪ and indentation depth ݄ for 
the Cu/X multilayers with ߪ௬େ୳Ȁߪ௬ଡ଼ varying from 1:1 to 1:8. 
6.3.4 Effects of relative strengths in hard/soft multilayers 
Another type of layer structure is the hard/soft bilayer, such as the Fe/Cu 
multilayer. The hard/soft bilayers introduce different dimensional constraints 
into the constituent layers during deformation, compared to the soft/hard 
bilayers. To probe the effect of relative strength of the constituent layers on the 
hardness values, we modelled the nanoindentation of Fe/X multilayers with the 
ߪ௬୊ୣȀߪ௬ଡ଼ varying from 1:1 to 8:1. 
Figure 6.22 shows the displacements in the loading direction and densities of 
GNDs at 0.2 ȝm indentation depth for the Fe/X multilayers with the ߪ௬୊ୣȀߪ௬ଡ଼ 
varying from 1:1 to 8:1. As the strength of the underlying X layer decreases, 
more deformation is accommodated by the second X layer. With respect to the 
contact profile, the sink-in in the Fe/X multilayers becomes more apparent 
with the reduced strength of the X layer, which is indicated by the enlarged 
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deflection areas surrounding the indentation regions. The distribution of GNDs 
near the surface shows little change with reducing yield stress of the soft X 
layer. However, the density of GNDs in the soft X layers increases as the yield 
stress of the X layer decreases, particularly in the regions near the interface of 
the Cu and Fe layers. 
The relationships between the hardness value and indentation depth are shown 
in Figure 6.23 for the Fe/X multilayers with ߪ௬୊ୣȀߪ௬ଡ଼ varying from 1:1 to 8:1. 
Similar as for the Cu/X multilayer, the hardness values of the Fe/X multilayers 
are not affected by the strength of the soft X layers at small indentation depths. 
The hardness values start to bifurcate when the indentation depth reaches 
around 12.5% of the layer thickness. It is noted that the bifurcation in the 
hardness values of Fe/X multilayers appears earlier than in the Cu/X 
multilayers. This indicates that the deformation field transmits into the second 
layer more quickly in the Fe/X multilayer than the Cu/X multilayers.  
The hardness values decrease with the indentation depth for all of the Fe/X 
multilayers. This is attributed to the weaker dimensional constraints exerted on 
the top Fe layer by the softer X layers. However, the change in the hardness 
values becomes minimal when the ratio of ߪ௬୊ୣȀߪ௬ଡ଼ varies from 6:1 to 8:1. This 
suggests that a further reduction in the strength of the underlying X layer may 
not have any significant influence on the hardness values. Note that the 
Young’s modulus, Poisson’s ratio, and work-hardening rate are also affecting 
the strength of the constituent layers. As these parameters greatly increase the 
intricacy of the problem, we only demonstrate the effect of relative yield stress 
here and will study the effects of other parameters in future work. 
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Figure 6.22. Displacements in loading direction (left) and densities of GNDs 
(right) in the Fe/X multilayers with ߪ௬୊ୣȀߪ௬ଡ଼ varying from 1:1 to 8:1. 
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Figure 6.23. Relationships between the hardness ܪ and indentation depth ݄ for 
the Fe/X multilayers with the ratio of ߪ௬୊ୣȀߪ௬ଡ଼ varying from 1:1 to 8:1. 
6.4 Summary 
Nanoindentation experiments and FE modelling have been carried out to 
investigate the mechanical behaviour of Cu-Fe thin films and multilayers under 
confined deformation conditions. The nanoindentation experiments have 
provided valuable insights on the effects of dimensional constraints in the 
Cu/Fe and Fe/Cu multilayers. The detailed deformations, contact profiles, and 
indentation size effects have been interpreted and analysed with the FE 
models. The main conclusions from nanoindentation experiments and FE 
modelling are summarized as follow: 
1. The hardness values of the Cu and Fe thin films form an envelope for those 
of the Cu/Fe and Fe/Cu multilayers. Significant pile-up and sink-in occur 
in the Cu/Fe and Fe/Cu multilayers, respectively. The hardness values of 
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the Cu-Fe thin films and multilayers depend on the indentation depths, 
which can be described by the Nix-Gao model. 
2. The FE models have successfully predicted the pile-up and sink-in in the 
Cu/Fe and Fe/Cu multilayers. The FE models have demonstrated that the 
deformation during nanoindentation is composed of elastic and plastic 
stages. It has also been shown that the Cu layers accommodate the majority 
of the deformation in both the Cu/Fe and Fe/Cu multilayers. The 
exaggerated pile-up in the Cu/Fe multilayer is attributed to the strong 
dimensional constraints exerted by the hard Fe layers. In contrast, the sink-
in for the Fe/Cu multilayer is a result of the large deflection of the top Fe 
layer due to the weak support provided by the soft Cu layer.  
3. Size effects are observed during nanoindentation of the Cu-Fe thin films 
and multilayers, in both experiments and FE modelling. The strong effects 
of the plastic strain gradients result in decreasing hardness values of the Cu 
and Fe thin films when the deformation in the indentation region is fully 
plastic. In contrast, the size effects in the Cu/Fe and Fe/Cu multilayers are 
combined effects of plastic strain gradients and dimensional constraints. 
The hardness of the Cu/Fe multilayer decreases with the indentation depth 
when the effect of the plastic strain gradients is dominating, followed by a 
steady increase when the dimensional constraints dominate. On the 
contrary, the hardness of the Fe/Cu multilayer decreases dramatically with 
the indentation depth, because both the effects of the plastic strain 
gradients and dimensional constraints lead to the reduction in hardness 
values with increasing indentation depth. 
4. Sensitivity analysis has shown that the tip radius only affects the 
measurement of hardness at small indentation depths, where the hardness 
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decreases as the tip radius increases. Meanwhile, an indenter with a large 
tip radius alleviates the plastic strain gradients in the indentation region, 
and consequently influences the size effect. Moreover, the relative 
strengths of the constituent layers influence the size effects in 
nanoindentation of multilayers. For a soft/hard multilayer, a large 
difference between the strengths of the soft and hard layers results in 
significant pile-up and high hardness values, due to the strong dimensional 
constraints exerted by the hard layers. For hard/soft multilayers, a large 
difference between the strength of the hard and soft layers leads to an 
enhanced sink-in during indentation, which results in a stronger size effect. 
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7 Conclusions and Recommendations for 
Future Work 
 
In this thesis, the mechanical behaviour of Cu-Fe thin films and multilayers 
has been investigated using microcompression and nanoindentation tests. The 
microcompression tests provide insights on the mechanical behaviour of 
materials under uniaxial deformation conditions, while the nanoindentation 
tests reflect the mechanical behaviour of materials under confined deformation 
conditions. Besides the experiments, FE models have been developed to 
interpret the experimental observations and numerically investigate the 
mechanical behaviour of thin films and multilayers. With the implementation 
of strain gradient plasticity, the length scale has been considered in the FE 
models and the size effects in microcompression and nanoindentation tests 
have been numerically studied. The main achievements of this thesis are 
summarized in the next section, followed by recommendations for future work. 
7.1 Conclusions 
1. Cu-Fe thin films and multilayers with grain size under 50 nm, which 
possessed much higher yield stresses than their bulk counterparts, were 
achieved by DC magnetron sputtering. The Cu/Fe and Fe/Cu multilayers 
have a well-controlled layer thickness and well-defined interfaces between 
the Cu and Fe layers. Moreover, the Fe layers have a pronounced columnar 
grain structure, which implies a relatively weak intergrain strength. 
2. The Cu-Fe thin films and multilayers have different deformation 
behaviours during microcompression tests. Firstly, the Fe thin film is much 
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stronger than the Cu thin film, whereas the Cu/Fe and Fe/Cu multilayers 
have strengths in-between the Cu and Fe thin films. Secondly, the Cu 
layers accommodate the majority of the plastic deformation in both Cu/Fe 
and Fe/Cu multilayers, as the Fe layers are much stronger than the Cu 
layers. Thirdly, the Cu layers bulge out with excellent ductility, whereas 
the Fe layers form cracks. The cracking in the Fe layers is responsible for 
the failure of the pillars, even when the Cu layers have high ductility. 
3. The FE modelling provides in-depth understanding of the deformation in 
the Cu-Fe thin films and multilayers during microcompression tests. The 
FE models predicted strain concentrations in the Cu layers, with maximum 
values appearing near the sidewalls, which are consistent with the bulging 
of Cu layers observed experimentally. The results from the FE models also 
show that high tensile stresses occur in the Fe layers near the sidewalls of 
the Cu/Fe and Fe/Cu multilayer pillars, which explains the driving forces 
for the formation of cracks in the Fe layers.  
4. According to the CMSG plasticity approach, plastic strain gradients are 
significant in the Cu/Fe and Fe/Cu multilayer pillars. The GNDs mainly 
accumulate near the sidewalls of the pillars. The density of GNDs reaches 
a peak at the interface of the Cu and Fe layers. The GNDs contribute extra 
work-hardening to the pillars during microcompression, which increases 
the flow stress by ~10% for the current Cu/Fe and Fe/Cu multilayers.  
5. The tapered shape influences the mechanical behaviour of the pillars of 
Cu-Fe thin films and multilayers. Both the microcompression experiments 
and modelling show localized deformation in the upper portion of the 
pillars. On the one hand, the tapered shape reduces the flow stresses of the 
pillars. On the other hand, it introduces artificial work-hardening into the 
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stress-strain curves. By considering the experimental parameters in the FE 
models, inverse analysis successfully evaluated the intrinsic yield stress 
and work-hardening rate for the monolithic Cu and Fe thin films. 
6. The flow stresses of the pillars are also affected by the friction and 
alignment between the pillar and flat punch. A high friction coefficient 
between the pillar top and flat punch increases the flow stress of the pillars, 
due to the strong constraints. The influence of taper angle and friction 
coefficient becomes most significant in the Cu/Fe multilayer pillars. In 
addition, the misalignment between the pillar and flat punch result in 
spurious nonlinearity during the early stage of deformation. The FE 
modelling suggests that the misalignment should be minimized for 
microcompression tests, and on the other hand, the nonlinearity in the early 
portion of the stress-strain curve can serve as an indicator of misalignment 
between the pillar and flat punch.  
7. From both experiments and FE modelling, extrinsic size effects are 
observed in microcompression of Cu/Fe multilayer pillars. For multilayer 
pillars with the same layer thickness, the flow stress increases as the pillar 
diameter increases, which suggests - “larger is stronger”. On the other 
for multilayer pillars with the same diameter, the flow stress decreases as 
the layer thickness increases. This gives an impression - “thinner is 
stronger”. The layer aspect ratio (thickness/diameter) is revealed as the 
underlying parameter that controls the aforementioned extrinsic size effects 
in multilayer pillars. The flow stress scales exponentially with the layer 
aspect ratio. The FE modelling suggests that multilayer pillars with low 
layer aspect ratios have strong dimensional constraints on the soft layers 
and, hence, increases the flow stresses of the soft layers. To distinguish it 
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from the conventional extrinsic size effect, the extrinsic size effect related 
to the layer aspect ratio is termed as the artificial extrinsic size effect. 
8. The artificial extrinsic size effect is applicable to pillars of polycrystalline 
multilayer that have grain sizes much less than the layer thickness, e.g. the 
current Cu/Fe and Fe/Cu multilayers. FE modelling suggests that the 
artificial extrinsic size effect also depends on the relative strengths of the 
constituent layers and the length scale of the pillars. The length scale of the 
pillar determines the effectiveness of the plastic strain gradients and GNDs. 
The relative strength influences the strain distribution in the constituent 
layers of the multilayer pillars, which in turn affects the work-hardening 
path of the constituent layers.  
9. Nanoindentation tests provide understandings of the mechanical behaviour 
of materials under confined deformation conditions. The hardness values of 
the Cu and Fe thin films forms an envelope for those of the Cu/Fe and 
Fe/Cu multilayers. Significant pile-up and sink-in occur during 
nanoindentation of the Cu/Fe and Fe/Cu multilayers, respectively. The 
exaggerated pile-up in the Cu/Fe multilayer is attributed to the strong 
dimensional constraints exerted by the hard Fe layers. In contrast, the sink-
in of the Fe/Cu multilayer is a result of the large deflection of the top Fe 
layer due to the weak support provided by the soft Cu layer. 
10. The FE modelling shows that the geometric features of the Berkovich 
indenter dictate the deformations in the indentation regions. The edges of 
the Berkovich indenter induce more concentrated strains and larger strain 
gradients than the facets. Non-uniform contact pressures exist in the 
indentation regions of the Cu-Fe thin films and multilayers, which become 
more apparent in the Cu/Fe and Fe/Cu multilayers. The true contact areas 
Chapter 7 Conclusions and Recommendations for Future Work 
-201- 
predicted by the FE models overcome the errors introduced by pile-up or 
sink-in in the Oliver-Pharr method.  
11. Size effects were observed during nanoindentation of the Cu-Fe thin films 
and multilayers, which is attributed to the accumulation of GNDs in the 
indentation regions and the dimensional constraints in the layered structure. 
The Nix-Gao model provides essential understanding for the indentation 
size effect in monolithic materials. The effects of GNDs in monolithic Cu 
and Fe thin films decreases with increasing indentation depths, resulting in 
decreasing hardness values. In contrast, the size effects in the Cu/Fe and 
Fe/Cu multilayers are the combined effects of GNDs and dimensional 
constraints. The hardness values of the Cu/Fe multilayer decreases with the 
indentation depth when the effect of the GNDs is dominating, followed by 
a steady increase when the dimensional constraints becomes more 
significant. In contrast, the hardness values of the Fe/Cu multilayer 
decreases dramatically with the indentation depth, because both the effects 
of the GNDs and dimensional constraints lead to the reduction in hardness 
with increasing indentation depths. 
12. The FE-based sensitivity analysis has shown that the tip radius only affects 
the measurement of hardness at small indentation depths. An indenter with 
a large tip radius alleviates the effect of GNDs and reduces the hardness 
value. Moreover, the relative strengths of the constituent layers affect the 
indentation size effect in multilayers. For a soft/hard multilayer, a larger 
strength difference between the soft and hard layers results in stronger 
constraints to the top soft layers. For hard/soft multilayers, a larger strength 
difference between the hard and soft layers provides less support to the top 
hard layer, leading to an enhanced sink-in during indentation.  
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7.2 Recommendations for future work 
1. The experimental results show cracking and fracture during 
microcompression of Cu-Fe thin films and multilayers. However, the 
fracture mechanism has not been considered the current FE models. It is 
noted that the experimental stress-strain curves deviate away from FE 
modelling results when the fracture takes place. Hence, FE models that 
consider fracture mechanism are required to better simulate the 
microcompression of thin films and multilayers. 
2. The ductility of the Cu/Fe and Fe/Cu multilayers have not been improved 
by the existence of the ductile Cu layers. The FE modelling shows that 
compressive stress exhibits on the Cu side of the Cu-Fe interface, while 
tensile stress occurs on the Fe side. This tensile stress is believed to 
increase the tendency of cracking in the Fe layers, which possibly 
undermines the ductility of the Cu/Fe and Fe/Cu multilayers. Therefore, 
suppressing the cracking or fracture in the brittle layers may be more 
important than simply adding ductile layers to improve the ductility of 
multilayers. 
3. The artificial extrinsic size effect is mainly applicable to pillars of 
polycrystalline multilayers that have grain size much less than the layer 
thickness. It has different underlying mechanism from the extrinsic size 
effects in single crystals. Since the layer aspect ratio introduces an artificial 
extrinsic size effect into microcompression of multilayer pillars, the true 
extrinsic size effect caused by the accumulation of GNDs may be 
shadowed if only pillar diameter or layer thickness is the independent 
variable. Attentions should be paid to the artificial extrinsic size effect 
when investigating the size effects in the pillars. In future studies of 
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extrinsic size effects, the layer aspect ratio needs to be preserved for 
multilayer pillars to isolate the artificial extrinsic size effect.  
4. The FE modelling results show non-uniform contact pressure distributions 
in the indentation regions of Cu-Fe thin films and multilayers under the 
Berkovich indenter. According to the Meyer’s definition, hardness is the 
mean projected contact pressure in the indentation region. How the contact 
pressure distribution affects the hardness value becomes essential for 
understanding the correlation between the hardness and intrinsic 
mechanical properties (i.e. yield stress and work-hardening rate). The 
current study suggests that the contact pressure distributions may need to 
be qualitatively evaluated in addition to the Meyer’s hardness value, to 
provide a more comprehensive characterisation of materials. 
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Appendix A: Pillar Preparation Procedure 
 
This milling procedure can produce micro-size pillars with well controlled 
length and diameter using FEI Quanta 3D. Multiple milling steps are employed 
to balance the milling time and FIB-induced surface damage, while multiple 
milling patterns are adopted to compensate the non-uniform milling rates in 
different regions. 
Step A: Rough milling (30 kV, 5.0 nA) 
1 Position the target milling location at the electron and ion beam 
coincidence point, with the surface perpendicular to the ion beam. 
2 Adjust and focus the ion beam at a location near the target milling 
location. 
3 Find the target milling location using the electron image. 
4 Draw or import patterns in the ion image window†. 
5 Start milling. 
Step B: Intermediate milling (30 kV, 0.3 nA) 
1 Change the ion beam current to 0.3 nA. 
2 Adjust and focus the ion beam at a location near the target milling 
location. 
                                                 
† If the pillar needs to be positioned accurately, take an ion image snapshot 
and use this to position the pattern. 
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3 Find the rough-milled pillar using the electron image and move it to the 
centre of the image. 
4 Draw or import patterns in the ion image window. 
5 Take an ion image snapshot. 
6 Move the patterns to the desired location, according to the snapshot 
image. 
7 Start milling. 
Step C: Final milling (30 kV, 50 pA) 
1 Change the ion beam current to 50 pA. 
2 Repeat steps B2 – B7. 
 
Tips:  
1 Avoid ion scanning at your target position whenever possible to minimize 
surface damage. 
2 Change beam currents and voltage as required (quoted figures work well 
on Cu, Fe, Cu-Fe). 
3 For each step, the milling may need to be conducted using several different 
patterns, each for different times, to adjust for a higher milling rate near the 
edge of the pillar. 
4 If milling multiple pillars, perform the corresponding step for all of the 
pillars, then proceed to the next step. 
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Appendix B: Strain Gradient Evaluation 
 
B1 Strain gradient vectors 
There are two techniques are commonly used to evaluate the gradients: a 
Green-Gauss theorem and the least-square method. The least-square method is 
used to calculate the strain gradient, because it is exact for linear profiles and 
produce reliable values with easy implementation. Consider a particular 
integration point ݊ and its immediate neighbours ࡺ, the change in a scalar 
variable ߝ between neighbour ݉ and ݌ is given by ߝ௠ െ ߝ௡ǡ݉ א ࡺ. If we 
know its exact gradient ׏ߝ, the difference above can be evaluate by 
 ߝ௠ െ ߝ௣ ൌ ׏ߝ ڄ ሺݎ௠ െ ݎ௡ሻ (B.1)  
where ݎ௠ െ ݎ௡ is the vector from point ݊ to ݉. However, the gradient ׏ߝ is 
exact only when the solution is linear. In the following, we are going to find 
the closest gradient vector by using the least-square method. A weighted 
summation of squared residuals can be formed as 
 ܫ ൌ ෍ ݓ௠ሾ׏ߝ ڄ ሺݎ௠ െ ݎ௡ሻ െ ሺߝ௠ െ ߝ௡ሻሿଶ
௠אࡺ
 (B.2)  
where ݓ௠ is a weighting factor, here we choose ݓ௠ ൌ ͳȀȁݎ௠ െ ݎ௡ȁଶ that 
accounting their distances. The solution that minimizes this weighted 
summation can be found by solving the following equation 
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 (B.3)  
where 
 
ȟݔ௜௠ ൌ ݔ௜௠ െ ݔ௜௡ 
ȟݔ௜௠ ൌ ݔ௜௠ െ ݔ௜௡ 
ȟݔ௝௠ ൌ ݔ௝௠ െ ݔ௝௡ 
ȟݔ௞௠ ൌ ݔ௞௠ െ ݔ௞௡ 
ȟߝ௠ ൌ ߝ௠ െ ߝ௡ 
 
For each component of plastic strain ߝ௜௝, its gradient is calculated following the 
above least square method. The effective plastic strain gradient ߟ௣ is defined in 
the same way as that in the higher-order MSG theory, which is given by  
 ߟ௣ ൌ ඨͳͶߟ௜௝௞
௣ ߟ௜௝௞௣  (B.4)  
where,  
 ߟ௜௝௞௣ ൌ ߝ௜௞ǡ௝௣ ൅ ߝ௝௞ǡ௜௣ െ ߝ௜௝ǡ௞௣  (B.5)  
and ߝ௜௝௣ ൌ ׬ ߝሶ௜௝௣݀ݐ. 
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B2 Fortran codes for plastic strain gradient calculation 
 
…… 
C-----START TO CALCULATE PLASTIC STRAIN GRADIENT 
C-----ONE ELEMENT (8 INTEGRATION POINTS) AT A TIME 
C-----QCOORD IS A GLOBAL MATRIX STORING COORDINATES FOR 
C-----EACH INTEGRATION POINT 
C-----QSTRN IS A GLOBAL MATRIX STORING PLASTIC STRAINS FOR 
C------EACH INTEGRATION POINT 
C-----NOEL IS THE ID OF THE CURRENT INTEGRATION POINT 
      DO I=1,8 
        DO J=1,8 
          IF (J.NE.I) THEN 
             WR(J)=(QCOORD(1,J,NOEL)-QCOORD(1,I,NOEL))**2 
     1                +(QCOORD(2,J,NOEL)-QCOORD(2,I,NOEL))**2 
     2                +(QCOORD(3,J,NOEL)-QCOORD(3,I,NOEL))**2 
          END IF 
        END DO 
 
C-------TEMPORARY MATRIX A  
        TERMJA=0. 
        DO M=1,3 
          DO N=1,M 
            TRXA(N,M)=0. 
            DO J=1,8 
              IF (J.NE.I) THEN 
                TERMJA=(QCOORD(N,J,NOEL)-QCOORD(N,I,NOEL)) 
     1              *(QCOORD(M,J,NOEL)-QCOORD(M,I,NOEL))/WR(J) 
                TRXA(N,M)=TRXA(N,M)+TERMJA 
              END IF 
            END DO 
            TRXA(M,N)=TRXA(N,M) 
          END DO 
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        END DO 
 
C-------MATRIX B 
        DO K=1,NTENS 
          DO M=1,3 
            TRXB(M,K)=0. 
            DO J=1,8 
              IF (J.NE.I) THEN 
                TERMJB=(QSTRN(K,J,NOEL)-QSTRN(K,I,NOEL)) 
     2              *(QCOORD(M,J,NOEL)-QCOORD(M,I,NOEL))/WR(J) 
                TRXB(M,K)=TRXB(M,K)+TERMJB 
              END IF 
            END DO 
          END DO 
        END DO 
 
C-------SOLVE [A]X=[B]  
C------- LUDCMP IS A SUBROUTINE FOR LU DECOPOSITION 
C------- LUBKSB IS A LINEAR EQUATION SOLVER BY LU  
C-------DECOMPOSITION 
        CALL LUDCMP(TRXA,3,3,INDX,DCMP) 
        DO K=1,NTENS 
          CALL LUBKSB(TRXA,3,3,INDX,TRXB(1,K)) 
        END DO 
 
C-------TRANSFORM STRAIN GRADIENT INTO 3X3X3 MATRIX 
        DO K=1,3 
          DO N=1,3 
            QGRAD(N,K,K)=TRXB(N,K) 
          END DO 
        END DO 
        DO N=1,3 
          QGRAD(N,2,1)=TRXB(N,4) 
          QGRAD(N,1,2)=QGRAD(N,2,1) 
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          QGRAD(N,3,1)=TRXB(N,5) 
          QGRAD(N,1,3)=QGRAD(N,3,1) 
          QGRAD(N,2,3)=TRXB(N,6) 
          QGRAD(N,3,2)=QGRAD(N,2,3) 
        END DO 
 
C-------CALCULATE EFFECTIVE STRAIN GRADIENT 
C-------ETAG IS THE EFFECTIVE PLASTIC STRAIN GRADIENT 
        ETAGKM=0. 
        DO K=1,3 
          DO M=1,3 
            DO N=1,3 
              ETAGKM=ETAGKM+(QGRAD(M,K,N)+QGRAD(N,K,M)- 
     1                           QGRAD(K,N,M))**2 
            END DO 
          END DO 
        END DO 
        ETAG(I,NOEL)=0.5*SQRT(ETAGKM) 
 
      END DO 
 
…… 
 -235- 
Appendix C: Publications 
1 J. Wang, P.D. Hodgson, C. Yang: Effects of mechanical properties on the 
contact profile in Berkovich nanoindentation of elastoplastic materials, 
Journal of Materials Research, 27, 1 (2012), 313. 
2 J. Wang, C. Yang, P.D. Hodgson: Experimental Studies and Modelling of 
the Deformation Behaviour of Multiple Nanolayers, Steel Research 
International, (2012 accepted). 
3 D.K. Yang, J.T. Wang, D. Fabijanic, P. Cizek, B.S. Li, J.Z. Lu, P.D. 
Hodgson: Ti-based amorphous/nanocrystal composite with high ductility 
and strain-hardening, Materials Science and Engineering: A, (accepted). 
4 J. Wang, P.D. Hodgson, J. Zhang, W. Yan, C. Yang: Effects of pores on 
shear bands in metallic glasses: A molecular dynamics study, 
Computational Materials Science, 50, 1 (2010), 211-217. 
5 J. Wang, P.D. Hodgson, J. Zhang, W. Yan, C. Yang: Effects of quenching 
rate on amorphous structures of Cu46Zr54 metallic glass, Journal of 
Materials Processing Technology, 209, 9 (2009), 4601-4606. 
6 J. Wang, P. Hodgson, J. Zhang, C. Yang: Residual thermal stresses in a 
Fe3Al/Al2O3 gradient coating system, Advanced Materials Research, 32, 
(2008), 71-74. 
7 J. Zhang, K. Sun, J. Wang, B. Tian, H. Wang, Y. Yin: Sliding wear 
behavior of plasma sprayed Fe3Al-Al2O3 graded coatings, Thin Solid 
Films, 516, 16 (2008), 5681-5685. 
